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Abstract 
Hydrogen can degrade the mechanical properties, particularly ductility, of metallic 
components. These hydrogen-induced degradation phenomena are generically called as 
Hydrogen Embrittlement (HE). There are significant problems associated with the HE of 
metallic components for clean energy. The scale is global and the present paucity of 
affordable hydrogen-proof materials poses strong technological and economic barriers to 
the hydrogen economy. Therefore, this doctoral dissertation aims to provide a deeper 
understanding of the influence of hydrogen on the properties of the targeted steels 
(NiCrMo1, 3.5NiCrMoV, 27NiCrMoV15-6 and 34CrNiMo6). These steels are typical 
quench and tempered steels, with strengths in the range of 700 to 1000 MPa. This 
dissertation comprises the following research works: 
(i) The influence of hydrogen on the tensile properties of the targeted steels; 
(ii) The influence of hydrogen on the fatigue properties of the typical steel-3.5NiCrMoV; 
(iii) The determination of the hydrogen fugacity during electrochemical charging at cathodic 
potentials using the low interstitial steel; 
(iv) The permeability of hydrogen and trapping effect on 3.5NiCrMoV steel. 
 
This research used the following techniques: optical microscopy, scanning electronic 
microscopy (SEM), energy dispersive X-ray spectroscopy (EDS), electrochemical 
polarization, linearly increasing stress test (LIST), low cycle fatigue (LCF), fatigue crack 
growth (FCG) test, and permeation test.  
 
The LIST results indicated that all these four steels have good resistance to hydrogen 
embrittlement up to the yield stress, especially NiCrMo1, and each failed in the LISTs due 
to ductile overload. There was some HE, but only during the final ductile fracture, when the 
steel was mechanically unstable. HE was manifest in terms of the slightly lower value of 
RA%, the longer secondary cracks, the daisy-like surface features, and the brittle zone at 
the edge on the fracture surface. Lower ductility occurred associated with alumina oxide 
inclusions in the centre of daisy-like features. It is expected that the performance of the 
steels in a H environment could be improved by reducing the density or the size of 
inclusions.  
 
The main result from the LCF tests was that the reduction in fatigue life was significant for 
3.5NiCrMoV, by about 60% ~ 90% in the presence of hydrogen, in terms of shortening the 
crack initiation period and accelerating the crack growth rate. There was no significant 
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contribution from hydrogen to the final fracture. The influence of hydrogen was mainly 
evidenced by the appearance of vague striations, intergranular fracture surface, and flat 
trangranular fracture surface during the fatigue crack propagation period.  
 
The FCG results showed that hydrogen accelerated the FCG rate, which increased more 
at a higher stress ratio (R>0). The observations of the fracture surfaces obtained in the H 
environment indicated that, in the present of hydrogen, the fatigue crack propagation could 
be divided into 3 regions: (i) in the initial region, there was transgranular fracture with some 
intergranular fracture at the edge; (ii) in the second region, there was more intergranular 
fracture; and (iii) when the values of ∆K and the FCG rate were both high, the  behaviour 
tended to be dominated by the cyclic mechanical stress, and was similar to that in air.   
 
A conceptually simple approach (the combination of thermodynamics and permeability 
tests) was applied to determine the hydrogen fugacity for hydrogen charging conditions for 
a low interstitial steel. To obtain reproducible permeability transients, pre-charging was 
needed to condition the entry surface to a stable state. The results in the 0.1 M NaOH 
solution (pH ~12.6) indicated that the hydrogen evolution reaction mechanism changed for 
overpotential values higher than -0.35 V. The difference in the hydrogen evolution reaction 
and the surface state of the low interstitial steel led to a higher hydrogen fugacity in the pH 
12.6 solution than that in pH 2, 0.1M Na2SO4 solution at the same overpotential.  
 
Hydrogen trapping was investigated in a 3.5NiCrMoV steel by means of hydrogen 
permeation experiments. The lattice diffusion coefficient was 1.29 × 10-6 cm2 s-1 for this 
steel. Two methods ((i) Dong’s model and (ii) permeation partial transients) were used for 
the evaluation of the density of traps. The results from both methods indicate (i) trapping 
effect was more significant at a less negative potential and (ii) the total density of traps 
influencing hydrogen diffusion between -1.700 VAg/AgCl and -1.100 VAg/AgCl was in the 
magnitude of 1018 sites cm-3.  
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Introduction 
Up to now, fossil fuels are still our main energy source. But with the rising concern on a sustainable 
world, hydrogen (H) economy is developed in response for clean energy. However, H has caused 
catastrophic failures of stressed metallic components, particularly steel components. This is due to 
hydrogen embrittlement (HE), which occurs during the application due to the internal hydrogen in 
the steel, or due to external hydrogen from a hydrogen-containing environment. In the presence of 
hydrogen, the ductility could be reduced significantly, while the fatigue crack growth (FCG) rate 
could be accelerated obviously. HE could lead to sudden, catastrophic failure in plant and 
machinery. Therefore, all sectors, from production, transport to storage, of the H economy require 
HE resistant materials.  
 
Some medium strength steels are resistant to hydrogen even under severe hydrogen charging 
conditions. For a low concentration of hydrogen, increasing the strength of the steel, increases 
susceptibility to HE. High-strength (and ultra-high-strength) martensitic steels with yield strengths 
higher than about 1400 MPa (and hardness higher than 38 on the Rockwell C scale) are particularly 
susceptible to hydrogen, even when the hydrogen content is less than 1 ppm. Even though 
laboratory vessels can be made out of exotic materials, there is an economic incentive to use less 
expensive materials in a commercial H economy. Thus, there is a requirement to understand the 
interaction of hydrogen with medium-strength steels, which may be suitable for hydrogen service. 
So part of the significance of my work resides in identification of steels suitable for H service to 
facilitate the H economy. Another part is provide a better understanding of HE of commercial 
medium strength steels for use in hydrogen pipelines, pressure vessels and so on.  
 
In this research, linearly increasing stress tests (LIST) were used to study the influence of hydrogen 
on the tensile properties of typical steels. Low cycle fatigue (LCF) tests and FCG tests were carried 
out at the Alstom Laboratories in Baden Switzerland to study the hydrogen influence on the fatigue 
properties of these steels. Permeability experiments were done to evaluate the hydrogen 
permeability in the steel. We also expected that by combining the permeation results with Thermal 
Desorption Spectroscopy (TDS), (i) the hydrogen fugacity during electrolytic charging could be 
determined; and (ii) the relation between hydrogen charging condition, and the hydrogen content in 
the typical steels could be established. The expected results would be helpful for both improving 
steels performance, and estimating the safety life of these steels. However, it is a pity that the TDS 
apparatus is not ready for work yet.  
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The thesis contains the following published journal papers and manuscripts ready to be submitted as 
individual chapters, which contribute to the whole PhD program. Chapter 1 describes the influence 
of hydrogen on the 3.5NiCrMoV steel evaluated using LIST. Chapter 2 presents a literature review 
concerning the influence of hydrogen on medium strength steels, typically with tensile strengths in 
the range of 600~1000 MPa. Chapter 3 provides a review of the hydrogen influence on the medium 
strength steels: NiCrMo1, 3.5NiCrMoV, 27NiCrMoV15-6 and 34CrNiMo6. Chapter 4 investigates 
the influence of hydrogen on the low cycle fatigue of the 3.5NiCrMoV steel, whilst chapter 5 deals 
with the fatigue crack growth under hydrogen charging conditions. Chapter 6 presents a 
methodology to evaluate the hydrogen fugacity during electrolytic charging. Chapter 7 analyses the 
trapping effect of 3.5NiCrMoV steel. Finally, a summary and the future work are presented.  
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Chapter 1 
 
The influence of hydrogen on 3.5NiCrMoV steel studied using the 
linearly increasing stress test 
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Influence of Hydrogen on Metallic ComponenThe linearly increasing stress test (LIST) was used to study the inﬂuence of hydrogen on 3.5NiCrMoV steel
in acidiﬁed 0.1 M Na2SO4, pH 2 at increasingly negative applied potentials to 1700 mVAg/AgCl. For spec-
imens tested in solution with an applied potential, there were surface cracks in the necked region, but no
surface cracks in the uniformly deformed part of the specimen. This implies that there was no inﬂuence of
hydrogen up to the yield stress of the steel. Hydrogen induced brittle fracture events made a small con-
tribution to the overall ductile fracture, which occurred after the onset of necking.
 2012 Elsevier Ltd. All rights reserved.1. Introduction
There is signiﬁcant problem associated with hydrogen embrit-
tlement (HE) of metallic components for clean energy. The scale
is global and the present paucity of affordable hydrogen-proof
materials poses strong technological and economic barriers to
the hydrogen economy. HE of pipeline steels for distribution of
hydrogen-containing gases (H2, syngas, natural gas + H2) is a par-
ticularly signiﬁcant example: can existing natural gas networks
be incrementally taken over by adding H2 to the supply? Another
issue is the material for hydrogen storage for hydrogen fuel cells.
Laboratory vessels can be made out of exotic materials, but there
is an economic incentive to use less expensive materials like steels,
as the technology is scaled up. Thus, there is a requirement to
understand the interaction of hydrogen with medium-strength-
steels suitable for hydrogen service.
Hydrogen can degrade the mechanical properties of metallic
components; particularly hydrogen may decrease ductility [1–
27]. These hydrogen-induced degradation phenomena are generi-
cally designated as Hydrogen Embrittlement (HE). Theories for
HE are based on decohesion, locally enhanced plastic ﬂow and
adsorption. The Hydrogen-Enhanced Decohesion (HEDE) mecha-
nism proposes [28–30] that hydrogen, dissolved in regions of high
stress, reduces the strength between metal bonds. There can be
brittle fracture if the hydrogen concentration reaches a critical le-
vel. The Hydrogen Enhanced Local Plasticity (HELP) mechanism
proposes [31] that atomic hydrogen enhances the mobility of dis-
locations. The result of the highly localised plastic deformation is all rights reserved.
ns).
ts for Clean Energy                                     Qianfracture process that is brittle on a macroscopic scale. The
Adsorption-Induced Dislocation Emission (AIDE) mechanism
proposes [32] that hydrogen adsorbed on the surface, and among
the ﬁrst few atomic layers, facilitates the nucleation of dislocation
from the crack tip by weakening the interatomic bonds.
Some steels are susceptible to the inﬂuence of hydrogen, partic-
ularly high strength steels [33–51]. Other steels are resistant to
hydrogen, and there is no degradation of mechanical properties
even under severe hydrogen charging conditions as discussed be-
low. Our previous work [3], using the linearly increasing stress test
(LIST) [33–40,52,53], showed that the ultimate tensile strength
(UTS) of X70, 4140 and 4140Hwas slightly decreased in an acidiﬁed
sulphate pH 2.1 solution at the free corrosion potential (Ecorr) com-
pared with tests in air. There was little or no inﬂuence of hydrogen
on these steels at Ecorr. Further investigation [53] at negative poten-
tials in the same solution showed that the values of UTS for 4140H
was higher than in air, whereas, X70 showed similar values of UTS
in air and in solution. There was no or little inﬂuence of hydrogen
even at1500 mVSHE for X70 and 4140H.Marchetti et al. [16] found
that, for the ferritic-martensitic steel T91, the yield stress and UTS
even increased slightly when exposed to a larger charging current
(andmore hydrogen), whereas the elongation and reduction of area
decreased signiﬁcantly. Moreover, Marchetti et al. [16] showed that
there was cracking only in the necked part, cracking occurred only
after the onset of necking, and the brittle zone located at the edge of
the fracture surface increasedwith charging current. They proposed
that (i) there was a critical hydrogen concentration for crack initia-
tion, and (ii) the extent of cracking directly depended on the hydro-
gen concentration. On the other hand, Brass et al. [54] found that
there was a strong inﬂuence of the deformation mechanisms asso-
ciated with the material microstructure on the strain-induced Liu, December 2014 Page 5
Fig. 1. Schematic of the LIST apparatus.
Fig. 2. Schematic of the electrolytic cell used in the LIST tests.
194 Q. Liu et al. / Corrosion Science 67 (2013) 193–203changes of the permeation current density. Thus, Marchetti et al.
[16] attributed the increase of apparent hydrogen diffusion coefﬁ-
cient (Dapp), with increasing charging current, to the combination
of the increased trapping rate on pre-existing and strain-induced
traps during the deformation, and to H dragging by moving traps
such as dislocations [55]. The consequence of increased Dapp would
be increased local hydrogen concentration, and increased crack
depth in the necked region.
This present study explored the performance of 3.5NiCrMoV
under cathodic charging conditions using LIST and scanning elec-
tron microscopy (SEM). The aim was to gain a deeper understand-
ing of the inﬂuence of hydrogen on this steel.
2. Experimental procedure
The 3.5% nickel chromium molybdenum steel, designated as
3.5NiCrMoV, was a commercial, quenched and tempered martens-
itic steel. Table 1 presents the chemical composition.
The LIST apparatus is shown in Fig. 1 [52]. The specimen was on
one side of the lever beam. The specimen was exposed to the envi-
ronment of interest throughout the test, as shown in Fig. 2. There
was a movable weight on the other side. The weight was driven
by a synchronous motor from its equilibrium position at a linear
rate, resulting in a linearly increasing (engineering) stress on the
specimen. A potential drop technique was used to determine the
onset of yielding for tests in air, or the onset of subcritical crack
growth for tests in a solution if such were to occur. The LIST is a
stress-controlled version of the constant extension rate test (CERT)
[56].
A LIST is identical to a CERT up to the onset of yielding, or the
onset on subcritical crack growth. At greater stresses there are
important differences. For a test in air, a LIST is similar to a CERT
at stresses greater than the yield stress, in so far as there is a mono-
tonic increase in specimen loading. For a CERT, the extension ap-
plied to the specimen continues to increase at a linear rate. For a
LIST, the load on the specimen continues to increase at a linear
rate, until the maximum load is reached. At the maximum load, a
LIST completes as the specimen undergoes fracture. For the steels
under study in the present research, this fracture at maximum load
in air was by ductile fracture, accompanied by the necking of the
specimen. In contrast, a CERT continues for a considerable time
period after the maximum load is reached. CERT is strain con-
trolled so that there is considerable specimen elongation after
maximum load, as the load on the specimen can decrease, and as
the specimen necks and fractures.
The applied stress rates were 0.2, 0.02 and 0.002 MPa s1. The
applied engineering stress, S (in MPa), on the specimen is given by:
S ¼ ð13720Þd
A
ð1Þ
where d (in metre) is the position of the moveable weight from the
zero load condition, and A is the specimen cross section area (in
mm2) of the gauge section. The numerical factor is dependent on
the LIST apparatus design and includes the factors of mechanical
advantage, the mass of the movable weight (14 kg in the current
case) and the acceleration due to gravity. In most cases, the thresh-
old stress and the fracture stress have been reported as the appliedTable 1
Chemical composition of 3.5NiCrMoV (wt.%) as determined by two independent determin
Steel Composition, wt.%
C Ni Cr Mo V
3.5NiCrMoV 0.22 2.77 1.67 0.43 0
0.21 2.75 1.65 0.41 0
Influence of Hydrogen on Metallic Components for Clean Energy                                     Qengineering stress, using the original specimen cross-section area.
For tests in solution at the free corrosion potential, Ecorr, corrosion
of the specimen reduced the cross section area during the LIST. In
those cases, it was not appropriate to use the original cross section
area. The area used was the measured uniform diameter of the
specimen gauge length. This was the region that was not necked,ations of specimens used in this research.
Mn Si S P Cu
.09 0.23 0.08 0.01 0.01 0.09
.09 0.22 0.07 0.01 0.01 0.09
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Fig. 3. A typical plot of potential drop (mV) vs. engineering stress (MPa) for
3.5NiCrMoV tested at 0.02 MPa s1 in air and in the acidiﬁed 0.1 M Na2SO4, pH 2
solution at four negative potentials.
Q. Liu et al. / Corrosion Science 67 (2013) 193–203 195but has undergone uniform plastic deformation, which had de-
creased the area by about 5%, so these calculated stresses were
somewhat higher than the un-corroded LIST specimens.
To control the environment, the specimen was in a three-
electrode cell, as shown in Fig. 2. The specimen was the working
electrode. The reference electrode was an Ag/AgCl electrode with
saturated KCl. A platinum electrode was the counter electrode.
The electrochemical potential of the specimen was controlled
using a WENKING MP81 potentiostat. Most tests were carried
out in acidiﬁed 0.1 M Na2SO4 pH 2 solution made using reagent
grade chemicals and distilled water made up as follows: 2.33 g
H2SO4 and 14.2 g Na2SO4 was dissolved to make 1000 ml solution.
Comparative tests were also carried out in air.
Tests were carried out at the free corrosion potential, Ecorr, and
at increasingly negative applied potentials. The increasingly nega-
tive potentials increased the amount of H (and the H fugacity) at
the specimen surface [57], and thereby increased the possibility
of hydrogen having an inﬂuence on the steel.
For each LIST with the specimen in solution, the applied stress
was increased to about 360 MPa (this took 30 min at an applied
stress rate of 0.2 MPa s1, 5 h at a rate of 0.02 MPa s1, or 50 h at
a rate of 0.002 MPa s1), held at this stress for 24 h, and then the
stress was increased at the stress rate of the test until specimen
fractured. That is, the applied stress rate was the same in the initial
part of the test, and in the subsequent part of the test from the 24 h
hold period until specimen fracture. Each specimen was exposed to
the solution during the whole experiment. The fracture stress, rf,
was determined from the position of the movable weight at the
end of each test. The reduction of area, RA, of each specimen was
evaluated from the original specimen gauge diameter and the mea-
sured minimum diameter after each test.
The specimen designation can be explained by the following
example: S1.200.02a, where the letter ‘‘S’’ identiﬁed a specimen
tested in solution (alternatively ‘‘A’’ identiﬁed a specimen tested
in air), ‘‘1.200’’ identiﬁed the applied potential (alternatively
‘‘ocp’’ identiﬁed a specimen tested in solution at the free corrosion
potential), ‘‘.02’’ identiﬁed the applied stress rate, and the subse-
quent letter identiﬁed specimens tested under the same
conditions.
The direct current potential drop method was used to measure
the apparent threshold stress at which subcritical cracking ap-
peared to initiate for specimens in the solution, rth, or the yield
stress for tests in air, ry. A constant current (3 A) was applied to
the specimen. The potential drop across the specimen was mea-
sured. The potential drop increased when the specimen area was
decreased by subcritical crack growth, or by the onset of plastic
deformation. The change in potential drop was directly related to
change in the specimen resistance, R (X), given by,
R ¼ rl
A
ð2Þ
where r is the resistivity of the specimen material, l is the change in
the length of the specimen, and A is the change in cross-sectional
area.
A Tektronix PS2520G power supply unit provided the constant
3 A current. Offset voltages due to coupling of dissimilar metals
at specimen-lead connexions were accounted for by periodically
switching off the power supply, and measuring the offset voltage.
The voltage was measured using a National Instruments 6220 PCI
DAQ card.
After each LIST, the appearance of each specimen was examined
visually. The specimen surfaces and fracture surfaces were ob-
served in more detail using SEM. The specimen was cleaned in a
5% EDTA solution for 2 min, mounted on an aluminium stub and
observed using the JSM 6460LA LVSEM.Influence of Hydrogen on Metallic Components for Clean Energy                                     QianTwo specimens (S.950.02a and S1.200.002) tested at negative
potentials were also sectioned longitudinally through the fracture,
so that the longitudinal cross section could be examined to deter-
mine the distribution of cracks, and how their number density var-
ied with distance from the fracture surface.
3. Results
3.1. LIST
Fig. 3 shows typical plots of potential drop (mV) vs. engineering
stress (MPa) for the 3.5NiCrMoV steel tested at 0.02 MPa s1 in air,
and in acidiﬁed 0.1 M Na2SO4 pH 2 solution at four negative poten-
tials. Similar plots were also obtained from other experiments. The
precision for the evaluation of the apparent threshold stress or
yield stress was ±5 MPa. The precision for the measurement of
the fracture stress was ±2 MPa. Table 2 presents the measured data
for the yield stress for tests in air, ry, the apparent threshold stress
at which subcritical cracking appeared to initiate in solution, rth,
the fracture stress, rf, the reduction of area, RA, and a summary
of the fractography observations.
LISTs in air produced values of the yield stress varying from 650
to 680 MPa, the fracture stress varied from 770 to 800 MPa, and the
RA was 79%.
The LISTs for specimens Socp.2a, Socp.2b, Socp.02, and Socp.002
at Ecorr, produced values of the apparent threshold stress varying
from 700 to 720 MPa, values of the fracture stress of 810 to
850 MPa, and values of RA about 80%. These values were slightly
greater than those in air.
For the LISTs in the acidiﬁed 0.1 M Na2SO4 pH 2 solution at the
negative applied potentials, values of yield stress or apparent
threshold stress varied from about 680 to 740 MPa and values of
the fracture stress were in a range of 770–840 MPa. These values
were comparable to or slightly greater than the values in air. The
RA values for these specimens ranged from 36% to 78%, which were
comparable to or were below the values in air.
3.2. Surface appearance
After each LIST, the surface appearance of each specimen was
examined. The visual examination indicated that, for specimens
tested in air and at Ecorr, there was necking at the fracture site.
For specimens tested at Ecorr, black corrosion products were pro-
duced during the test. These were easily removed by EDTA. For
specimens tested at negative potentials, there was, in addition,
cracking on the specimen surface in the necked part. There was Liu, December 2014 Page 7
Table 2
The yield stress in air (as an engineering stress), ry, the apparent threshold stress at which subcritical cracking appeared to initiate in solution (as an engineering stress), rth, the
fracture stress (as an engineering stress), rf, (as a true stress), rf–t, the reduction of area, RA, and a summary of the fractography observations. Solutions: r 0.1 M Na2SO4, pH 2.
Specimen
designation
Environment Applied
potential
(mVAg/AgCl)
Applied
stress rate
MPa s1
ry or
rth
(MPa)
rf
(MPa)
rf–t
(MPa)
RA
(%)
Notes on fractography
A.2a Air 0 0.2 650 770 3741 79 Ductile
A.2b Air 0 0.2 681 796 3703 79 Ductile
A.02 Air 0 0.02 671 793 3641 78 Ductile
A.002 Air 0 0.002 656 772 3740 79 Ductile
Socp.2a S Ecorr 0.2 719 841 3344 81 Ductile with several small cracks less than 20 lm
Soco.2b S Ecorr 0.2 719 850 3590 80 Ductile with several small cracks less than 20 lm
Socp.02 S Ecorr 0.02 710 818 3460 80 Ductile with several small cracks less than 20 lm
Socp.002 S Ecorr 0.002 695 807 3534 82 Ductile with several small cracks less than 50 lm
S.950.02a S 950 0.02 737 840 1312 36 Small brittle regions at specimen edge, otherwise mainly ductile, with
0.02–0.2 mm daisy-like ﬂat round features completely surrounded by
dimple fracture
S.950.02b S 950 0.02 685 788 3593 78 Ductile cup and cone fracture, with cracks less than 100 lm; small
(0.01 mm) ﬂat (brittle) features surrounded by microvoid coalescence at
the side of the fracture surface; no daisy-like features
S.950.002 S 950 0.002 693 802 2997 73 Ductile with several big cracks about 80 lm and many shorter cracks;
small ﬂat regions at the cup part of the fracture surface
S1.200.02a S 1200 0.02 702 816 2259 64 Small brittle regions at specimen edge, otherwise mainly ductile, with
0.02–.2 mm daisy-like ﬂat round features completely surrounded by
dimple fracture and a big crack about150 lm and several shorter cracks
S1.200.02b S 1200 0.02 678 784 3157 75 Ductile cup and cone fracture, with cracks less than 50 lm; small ﬂat
regions at the side of the fracture surface
S1.200.002 S 1200 0.002 687 798 2816 72 Ductile cup and cone fracture, with a big crack about 400 lm and many
shorter cracks less than 100 lm; small ﬂat regions at the cup part of the
fracture surface
S1.400.02 S 1400 0.02 685 792 2210 64 Small brittle regions at specimen edge, otherwise mainly ductile, with ﬂat
features completely surrounded by dimple fracture and a big crack about
500 lm and many shorter cracks less than 200 lm
S1.700.02a S 1700 0.02 680 774 1544 50 Small brittle regions at specimen edge, otherwise mainly ductile, with
brittle ﬂat features completely surrounded by dimple fracture
S1.700.02b S 1700 0.2 688 811 2931 72 Same as S1.700.02a
196 Q. Liu et al. / Corrosion Science 67 (2013) 193–203qualitatively a decreasing number density of surface cracks as a
function of distance from the fracture surface, and there were no
cracks in the uniformly deformed part of these specimens.
Specimens tested in air at a rate of 0.2 MPa s1, showed necking,
shallow cracks at about 45 to the stress direction and linear fea-
tures parallel to the stress direction.
The surface appearance of specimens tested at Ecorr also showed
features similar to those in air, but the surface was somewhat
rougher due to corrosion, with small pits and corrosion products
in some localised positions. These products were round in shape
surrounding a pit in the centre. Under each round product, there
was a corresponding pit on the surface.
Fig. 4 provides an overview of the surface appearance of speci-
men S.950.002 typical of specimens tested at 950 mVAg/AgCl.
There was necking and there were surface cracks perpendicular
to the stress direction or about 45  to the stress direction, all lo-
cated in the necked part of the specimen. The number density of
surface cracks decreased as a function of distance from the fracture
surface. The surfaces of specimens tested at 1200 mVAg/AgCl, and
at 1400 mVAg/AgCl were similar to those of specimen S.950.002.
Fig. 5 presents the overview of the surface for specimen
S1.700.02a tested at 1700 mVAg/AgCl at a rate of 0.02 MPa s1. In
the necked part, there were some substantial cracks perpendicular
to the tensile stressdirection. The fracture surfacewas45 to the ten-
sile direction. The surfaces of specimens tested at 1200 mVAg/AgCl,
at1400 mVAg/AgCl, and at1700 mVAg/AgCl were essentially similar
to those of specimen S.950.002. However, the surface cracks in-
creased in size with increasingly negative potential.3.3. Cross sections through fracture surface
The overview of the longitudinal cross section of specimen
S.950.02a showed only two cracks at distances about 0.3–0.5 mmInfluence of Hydrogen on Metallic Components for Clean Energy                                     Qfrom the fracture surface in the centre of the specimen. Fig. 6(a)
presents a magniﬁed view of the cross section on the specimen
edge in the necked region. Fig. 6(a) shows that cracks initiated
from the surface and extended about 0.2 mm or less into the spec-
imen interior. The density of the surface cracks decreased as a
function of distance from the fracture surface.
Fig. 6(b) presents an overview of the longitudinal cross section
of specimen S1.200.002. Similar to specimen S.950.02a, there were
surface cracks on the specimen edge in the necked part. The den-
sity of the surface cracks decreased as a function of distance from
the fracture surface. Similar to specimen S.950.02a, there were
small cracks beneath the fracture surface. There were no cracks
in the interior of the specimen in the cross sections examined. As
these sections were taken at random, it is concluded that there
were no cracks in the interior of the specimens, apart from the
small cracks adjacent to the fracture surface.3.4. SEM fractography
The fracture surfaces of specimens tested in air showed signiﬁ-
cant ductility, and a cup and cone fracture. Magniﬁed views of the
cone part of the fracture surface for specimen showed dimples due
to ductile micro-void coalescence. Fig. 7 shows a typical example.
The fracture surface of specimens tested at Ecorr showed signif-
icant ductility and a cup and cone fracture. Magniﬁed views of cone
part of the fracture surface showed dimples due to ductile micro-
void coalescence. There were several small secondary cracks, typi-
cally less than 20 lm, and each of these were completely
surrounded by dimples.
Fig. 8(a) presents an overview of the fracture surface of speci-
men S.950.02a tested at 950 mVAg/AgCl at a rate of 0.02 MPa s1.
This overview delineated various regions of disparate fractography.
Fig. 8(b) presents a detailed view of the fractography in region A ofian Liu, December 2014 Page 8
Fig. 4. An overall view and a magniﬁed view of the surface appearance of specimen S.950.002 tested in acidiﬁed 0.1 M Na2SO4, pH 2 at950 mVAg/AgCl at an applied stress rate
of 0.002 MPa s1. The tensile loading was in the vertical direction.
Fig. 5. An overview of the surface appearance of specimen S1.700.02a tested in
acidiﬁed 0.1 M Na2SO4, pH 2 at 1700 mVAg/AgCl at an applied stress rate of
0.02 MPa s1. The tensile loading was in the vertical direction.
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Influence of Hydrogen on Metallic Components for Clean Energy                                     Qianspecimen S.950.02a. There were three small regions A on the frac-
ture surface; each of which was adjacent to the specimen surface.
The appearance was brittle, with clear brittle facets. Fig. 8(c) pre-
sents a higher magniﬁcation view of the fractography in region B
of specimen S.950.02a. The fracture surface morphology in Region
B comprised mainly dimples, interspersed with daisy-like ﬂat fea-
ture. These daisy-like round ﬂat regions were about 20–200 lm in
size, scattered throughout Region B, and were completely sur-
rounded by regions of dimples. Higher magniﬁcation views of the
daisy-like ﬂats indicated that there were inclusions in the centre
of the daisy-like round ﬂat. Region C comprised mainly dimples,
with some of the daisy-like round ﬂats.
In contrast, the fracture surface was more ductile for specimen
S950.02b tested at 950 mVAg/AgCl at a rate of 0.02 MPa s1. Similar
to specimens tested at Ecorr, the fracture of specimen S950.02b was
a ductile cup and cone fracture, but with more and bigger second-
ary cracks, which were less than 100 lm in size. Moreover, there
were some small (0.01 mm) ﬂat (brittle) features surrounded
by dimples at the side of the fracture surface.
The fracture surface of specimen S.950.002 tested at
950 mVAg/AgCl at a rate of 0.002 MPa s1 was similar to specimen
S950.02b, presentingaductile cupandconebutwith several second-
ary cracks about 80 lm in size and many shorter secondary cracks.
The fracture surface of specimen S1.200.02a tested at
1200 mVAg/AgCl also showed some daisy-like round ﬂats com-
pletely surrounded by regions containing dimples. There were typ-
ically inclusions in the centre hole of these ﬂats. However, the
fracture of specimen S1.200.02b tested at 1200 mVAg/AgCl was
ductile and essentially the same as that of specimen S.950.02b.
There were no daisy-like features. Liu, December 2014 Page 9
Fig. 6. (a) Detailed view of the surface cracks on the proﬁle of a section at the neck part of specimen S.950.02a tested in acidiﬁed 0.1 M Na2SO4, pH 2 at 950 mVAg/AgCl at an
applied stress rate of 0.02 MPa s1. (b) An overview of the proﬁle of a section through specimen S1.200.002 tested in acidiﬁed 0.1 M Na2SO4, pH 2 at 1200 mVAg/AgCl at an
applied stress rate of 0.002 MPa s1. The tensile loading was in the vertical direction.
Fig. 7. For specimen A.02 tested in air at an applied stress rate of 0.02 MPa s1: (a) overview of fracture surface of the specimen, and (b) a magniﬁed view of cone part of the
fracture surface.
198 Q. Liu et al. / Corrosion Science 67 (2013) 193–203For specimen S1.700.02a tested at 1700 mVAg/AgCl at a rate of
0.02 MPa s1, the fracture surface was at 45 to tensile direction.
Fig. 9(a) presents an overview of the fracture surface, and delin-
eated various regions of disparate fractography. Fig. 9(b) presents
a detailed view in region A, characterised by maple-like fast frac-
ture surfaces, surrounded by dimples. A maple-like surface was
connected with the big side of another maple-like surface. The
appearance of the edge areas designated as regions B were char-
acterised by brittle fracture facets, similar to those shown in
Fig. 8(b). The fractography of regions C and D showed mainly
dimples. The fractography of specimen S1.700.02b tested at
1700 mVAg/AgCl at a rate of 0.2 MPa s1 was similar to that of
specimen S1.700.02a.Influence of Hydrogen on Metallic Components for Clean Energy                                     Q4. Discussion
4.1. LIST in air
Table 2 indicates that all specimens tested in air showed signif-
icant ductility, as demonstrated by the high values of RA. There was
obvious necking and there were no cracks perpendicular to the
stress direction. The fracture surfaces presented signiﬁcant ductil-
ity, and a cup and cone fracture dominated by dimples. Each spec-
imen tested in air failed due to ductile overload associated with
signiﬁcant necking.
Necking of a tensile specimen, or for a specimen in a constant
extension rate test (CERT), is associated with that part of the testian Liu, December 2014 Page 10
Fig. 9. For specimen S1.700.02a tested in acidiﬁed 0.1 M Na2SO4, pH 2 at 1700 mVAg/AgCl at an applied stress rate of 0.02 MPa s1: (a) an overview of the fracture surface of
the specimen (the scale bar is 0.5 mm in length), and (b) a detailed view in region A.
Fig. 8. For specimen S.950.02a tested in acidiﬁed 0.1 M Na2SO4, pH 2 at 950 mVAg/AgCl at an applied stress rate of 0.02 MPa s1: (a) an overview of the fracture surface, (b) a
detailed view of the fractography in region A, and (c) a higher magniﬁcation view of the fractography in region B.
Q. Liu et al. / Corrosion Science 67 (2013) 193–203 199after the maximum load. A tensile test (or a CERT) is controlled by
the relatively slow extension of the specimen by the applied defor-
mation rate. Necking in such a strain-controlled test is a slow pro-
cess, which typically takes a signiﬁcant portion of the total test
time for ductile steel such as the steel under study in the present
research. The necking is accompanied by signiﬁcant decrease in
the load (and also accompanied by a decrease in the engineering
stress).
The LIST is load controlled. There is uniform deformation up to
the maximum load. There is no possibility of load reduction after
the maximum load. At the maximum load in a LIST, there occurs
specimen fracture. Specimen fracture occurs as quickly as can be
accommodated by the specimen deformation process. Neverthe-
less, this fracture process was ductile and associated with signiﬁ-
cant necking.
4.2. LIST at Ecorr
The specimens suffered some corrosion. They appeared black
after the test, and the gauge diameters were less than that before
the test. The surface was rough due to corrosion, compared with
the smooth surface of the gauge section that underwent uniform
plastic deformation in air or with an applied potential. There were
however no cracks on the surface of the uniform deformed part of
the specimen surface.Influence of Hydrogen on Metallic Components for Clean Energy                                     QianFor specimens tested at Ecorr, (i) the fracture surfaces were sim-
ilar to those tested in air; (ii) the values of rth and rf were about 5%
higher than those in air, and (iii) the values of RA were comparable
to those in air. These specimens failed due to ductile overload,
though there were some small secondary cracks (mostly less than
20 lm) possibly attributable to hydrogen produced by the corro-
sion reaction.
As indicated in Table 2, there were some larger secondary
cracks for specimen Socp.002 at the slower applied stress rate of
0.002 MPa s1. Nevertheless, this specimen had values of yield
and fracture stresses slightly greater than that of the specimens
tested in air, and moreover the ductility was also slightly greater.
This indicated that there was no signiﬁcant increase of inﬂuence
of hydrogen at the slower applied stress rate.
The corrosion products were not analysed. However, the corro-
sion products formed on the surface of steels in acids are typically
not protective, and this is consistent with the fact that there was a
measurable decrease in specimen diameter during these LISTs.
Thus it is considered unlikely that the corrosion products were to-
tal barriers to hydrogen ingress.
4.3. Surface appearance in necked region
There were cracks at about 45 to the tensile direction on the
surface of the necked region of specimens tested in air, and in Liu, December 2014 Page 11
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surface intersection of localised deformation bands, as the shear
stress is maximum at the 45 to the tensile direction.
For each of the specimens tested at increasingly negative poten-
tials from 950 mVAg/AgCl to 1700 mVAg/AgCl, the surface of the
necked region contained cracks perpendicular to the tensile direc-
tion, and cracks about 45 to the tensile direction. Cracks were lar-
ger at a more negative potential. Moreover, the crack density was
larger near the fracture surface. However, there were no surface
cracks in the uniform plastic deformation part of the specimen
gauge section. This indicated that the cracks only occurred after
the onset of necking. Furthermore, this implied that there was no
inﬂuence of hydrogen at the stresses corresponding to this uniform
deformation part of the gauge length of the specimen. The inﬂu-
ence of hydrogen was only associated with the localised deforma-
tion of the necked region, and the ﬁnal ductile fracture process.
These results were similar to those for the ferritic-martensitic
steel T91 studied by Marchetti et al. [16]. It is possible that the
increasing density of trapping sites during localised deformation
enhanced the Dapp [54] or an enhancement of H dragging by mov-
ing traps like dislocations [55], leading to high enough hydrogen
concentration to cause cracks at the necked region. However, for
the LIST, fracture occurred in a short time after necking. Most prob-
ably the hydrogen concentration proﬁle in the neck region was the
same as that in the uniform plastic deformation part of the speci-
men. This surface cracking happening only in the necked region
was attributed to an interaction between hydrogen and the local-
ised plastic deformation at the surface in the necked region of
the specimen. The hydrogen dissolved in the metal had altered
the plastic ﬂow characteristics of the steel.
It can be concluded that (i) there was no hydrogen inﬂuence for
stresses less than the yield stress of the material; and (ii) the inﬂu-
ence of hydrogen was associated with localised plastic deformation
and fracture.
As stated above, the cracks in the necked region of specimens
were larger with increasingly negative potentials from
950 mVAg/AgCl to 1700 mVAg/AgCl. This is attributed to the higher
hydrogen fugacity with increasing negative potential [57].4.4. Cross sections
The examination of cross section of specimens, Fig. 6, indicated
that there was an inﬂuence of hydrogen only (i) on the edge and
places near the edge of the necked region and (ii) locations close
to the fracture surface in the heavily deformed region. This indi-
cated that the occurrence of cracks was associated with high levels
of localised plastic deformation at high stresses during the process
of necking during ﬁnal ductile fracture.
However, it is possible that, for our experiment, the duration
was not long enough for hydrogen to reach a stable concentration
throughout the specimen, and therefore, the hydrogen concentra-
tion in the centre of specimen was lower than that of on the sur-
face. This might provide an alternative explanation for the
occurrence of the hydrogen inﬂuence only at the surface of the
necked region. Arguing against this interpretation are the facts that
(i) the round daisy like features for tests at 950 mVAg/AgCl oc-
curred throughout the fracture surface (throughout region B on
Fig. 8), always surrounded by ductile fracture, and (ii) that the brit-
tle facets were throughout the central part of the fracture surfaces
for specimen S1.700.02a, see Fig. 9, tested at 1700 mVAg/AgCl.
These observations imply that there was indeed sufﬁcient
hydrogen throughout the specimen to cause hydrogen related frac-
ture events throughout the cross section. In corroboration, there
was no signiﬁcant inﬂuence of the applied stress rate. LISTs at
0.002 MPa s1 produced results similar to those at the fasterInfluence of Hydrogen on Metallic Components for Clean Energy                                     Qapplied stress rates, even though there was much more time dur-
ing LISTS at 0.002 MPa s1.
This section therefore has established that the absence of
hydrogen damage inside the specimen was not due to insufﬁcient
hydrogen inside the specimen. The damage mechanism is dis-
cussed in the following sections.4.5. LIST in solution with applied potential
For the applied potentials used in this research, hydrogen was
produced during each experiment at the specimen surface. The
increasingly negative potentials increased the amount of H (and
the H fugacity) at the specimen surface [57], and concomitantly
the hydrogen concentration in the specimen. However, Table 2
indicates that decreasing applied potential did not correlate with
signiﬁcant changes in the values of rth and rf. Some of the RA val-
ues, such as 64% for specimen S1.400.02 and 50% for specimen
S1.700.02a, were somewhat less than those in air. Moreover, there
was the tendency that ductility decreased with increasing applied
negative potential. For example, the RA value of 50% for specimen
S1.700.02a tested at1700 mVAg/AgCl was smaller than the RA value
of 78% for specimen S.950.02b at 950 mVAg/AgCl and 73% for spec-
imen S1.200.002a tested at 1200 mVAg/AgCl. Nevertheless, all
these specimens showed a signiﬁcant amount of ductile features
on the fracture surface.
Brittle features at the edge associated with surface cracks in the
neck region were longer at a more negative potential. This indi-
cates that an increased hydrogen concentration had an increased
effect on the ﬁnal ductile fracture processes in the necked region.
The scattered daisy-like ﬂats in region B as shown in Fig. 8(c)
indicated that there was sufﬁcient hydrogen throughout the spec-
imen to cause hydrogen related fracture events throughout the
cross section. The formation of daisy-like ﬂat could be explained
as follows. It is assumed that there was an inclusion or a cluster
of inclusions in the centre of each daisy-like ﬂat that appeared as
the hole on the fracture surface, as shown in Fig. 8(c). According
to the HEDE mechanism [28–30], the interfaces between particles
and matrix are preferred locations for hydrogen accumulation,
leading to HE. The hydrogen concentration around the inclusion
could be higher than the critical hydrogen concentration to cause
decohesion of matrix and the inclusion, and further to result in
brittle facets similar to those at the specimen edge. These brittle
fractures stopped propagation when they encountered more duc-
tile material, possibly due to lower concentration of hydrogen.
Alternatively and more probably, during the ﬁnal ductile fracture
process during necking, there was also some hydrogen fracture
events, nucleated by inclusions and extending as allowed by
the competing ductile fracture process that was occurring
simultaneously.
With increasingly applied negative potential, the brittle feature
in the ductile fracture surface changed from daisy-like ﬂats into
maple-like fast fracture surfaces at 1700 mVAg/AgCl. The main fea-
ture in the maple-leaf-like surfaces was the ﬂat areas marked by
tear lines. The formation of tear lines owned to the occurrence of
a brittle rapid fracture during the failure of the material. These
‘‘leaves’’ were at slightly different heights, but the leaves and the
tear lines pointed towards the origin of the fast brittle crack. At
1700 mVAg/AgCl, these brittle facets attributed to hydrogen oc-
curred surrounded by ductile microvoid dimple rupture. This again
indicates that there occurred simultaneously two fracture pro-
cesses. During the ductile ﬁnal fracture associated with necking,
there were small regions where the speed of hydrogen induced fast
fracture dominated over the ductile dimple rupture. Nevertheless,
these regions of hydrogen induced fast fracture were small in
extent.ian Liu, December 2014 Page 12
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the centre of the specimen, and the length of these cracks in-
creased up to about 500 lm at a more negative potential. This indi-
cates that these cracks were associated with hydrogen. However,
considering that these cracks can be due to inclusions [58], it is
hard to say that the initiation of the crack was attributed to hydro-
gen. Nevertheless, the growth rate of these cracks was accelerated
by hydrogen.
There were brittle features, but these brittle features were all
surrounded by regions of ductile fracture. Even at the most nega-
tive potential, the fracture surface was predominately ductile. This
indicates that the hydrogen contribution to the overall fracture
process was small, and occurred as isolated small regions.
4.6. Hydrogen charging
The approach adopted in this work was to carry out each LIST in
solution with hydrogen charging at a constant potential. The estab-
lishment of equivalence between cathodic hydrogen charging at a
constant potential and gaseous charging, has been considered by
Atrens et al. [57]. The hydrogen fugacity, f, under hydrogen catho-
dic charging conditions at a constant applied potential, Ea is given
by [59]:
f ¼ exp FðjnjÞ
zRT
ð3Þ
where the overpotential, n, is given by
n ¼ Ea  EoH ð4Þ
where EoH is the equilibrium potential of the hydrogen evolution
reaction at unit fugacity (which can be determined experimentally
[57]), z is a constant with a value 3, (that can be determined
experimentally [57]), F is the Faraday, R is the gas constant and T
the absolute temperature. The concentration of hydrogen, C, estab-
lished at the metal surface by the hydrogen fugacity, f, is given by
Sievert’s Law;
C ¼ KSðf Þ1=2 ð5Þ
where KS is the solubility constant.
Research is underway to experimentally test these theoretical
expectations using permeability measurements as described by At-
rens et al. [57] and measurements of the total amount of hydrogen
in the specimen measured using Thermal Desorption Spectroscopy
(TDS) [19–21]. This research is underway, but is beyond the scope
of the current work. The values of hydrogen fugacities used in the
present work, based on these considerations, are expected to span
the values applicable to those of interest for applications in the
hydrogen economy.
4.7. Mechanistic interpretation
In the LISTs in solution, with or without an applied potential,
there were no surface cracks in the uniformly deformed part of
the specimen gauge section, for any specimen. This implies that
there was yielding for each of these specimens. The potential drop
technique measured the onset of plastic deformation rather than
the onset of subcritical crack growth. Each LIST was thus associated
with a uniform decrease in section by plastic deformation, right up
to specimen fracture (and associated necking). This is interpreted,
as there was no measureable inﬂuence of hydrogen on the yield
stress and also no inﬂuence of hydrogen at stresses up to the yield
stress. The inﬂuence of hydrogen was purely on the ﬁnal fracture
process after the onset of necking caused by the stress reaching
the fracture stress, and because the specimen had becomemechan-
ically unstable. There were two competing fracture mechanisms.Influence of Hydrogen on Metallic Components for Clean Energy                                     QianThe dominant fracture mechanism was ductile microvoid rupture.
There was a small contribution from brittle hydrogen associated
local fracture events during the ﬁnal predominately-ductile
fracture.
These hydrogen related fracture events are conceptually differ-
ent to the hydrogen events described by the hydrogen mecha-
nisms: HEDE, HELP and AIDE. Each of these hydrogen
embrittlement mechanism (HEDE, HELP and AIDE) is based on sub-
critical crack extension associated with hydrogen under an applied
load, which is nominally constant. In contrast, the brittle hydrogen
associated local fracture events in the present study occurred
simultaneously with a ductile fracture process throughout the
necked region of a fracturing specimen that was already mechani-
cally unstable. Nevertheless, the propagation of these hydrogen
events could indeed be by one of the hydrogen mechanism (HEDE,
HELP or AIDE). However, as these hydrogen events were in effect
competing with a simultaneously occurring ductile fracture
throughout the necked region, these hydrogen events must have
propagated with high velocities. This might be taken to indicate
an AIDE type of propagation mechanism [32] although the study
of the propagation mechanism is beyond the scope of the current
research project.
Examination of the daisy like features, Fig. 8(c) indicated that
there were inclusions at the centres of these features, and these
inclusions were probably the initiation sites of the hydrogen re-
lated fracture events associated with these daisy like features. It
is well known [60,61] that inclusions are an inevitable part of the
microstructure of commercial steels like the 3.5NiCrMoV steel
used in the present research. This implies that the resistance to
HE of 3.5NiCrMoV might be improved by reducing the inclusion
density. However, it was beyond the scope of this research to study
the initiation of hydrogen related events that occurred in the ﬁnal
stages of ductile fracture, after the specimen had become mechan-
ically unstable.4.8. LIST vs CERT
Are the observations and conclusions caused by the use of the
LIST? Would there be similar conclusions if the research used the
CERT methodology rather than LIST? The state of the art for CERT
is to instrument the specimen with potential drop, in which case
Winzer et al. [56] demonstrated that the CERT can equally measure
the threshold stress. There is every reason to expect that exactly
the same apparent threshold stress would be measured using CERT
as was measured in the present research, an apparent threshold
that related to the onset of plastic deformation. Furthermore, there
is every reason to expect that the inﬂuence of hydrogen would be
manifest in the CERT after necking in the necked region. However,
a typical CERT test can take a considerable time period after the on-
set of the maximum load as the specimen undergoes plastic defor-
mation and/or hydrogen fracture events [56].
The ductile fracture behaviour of a hydrogen charged steel
could be of interest in plastic deep drawing operations such as
used in the production of car doors or kitchen sinks. However,
hydrogen inﬂuences on the ductile fracture processes are of less
interest for examples of hydrogen storage tanks for the hydro-
gen-economy. Pressure vessels are typically designed for much
lower stresses, stresses below the yield stress.4.9. Implications for service
These results imply, (i) inclusions have a negative effect on the
resistance to hydrogen embrittlement for 3.5NiCrMoV. It may be
possible that the resistance to HE of 3.5NiCrMoV can be improved
by reducing the inclusion density; (ii) if the material is used at a Liu, December 2014 Page 13
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negligible.
5. Conclusions
The linearly increasing stress test (LIST) was used to study the
inﬂuence of hydrogen on 3.5NiCrMoV steel in acidiﬁed 0.1 M
Na2SO4, pH 2 at increasingly negative applied potentials to
1700 mVAg/AgCl.
1. There was no inﬂuence of hydrogen on the yield stress of
the 3.5NiCrMoV steel.
2. In the linearly increasing stress tests in solution, with an
applied potential to 1700 mVAg/AgCl, there were surface
cracks in the necked region, but no surface cracks in the
uniformly deformed part of the specimen gauge section.
3. There was no inﬂuence of hydrogen up to the yield stress
of the steel.
4. The inﬂuence of hydrogen was associated with the ﬁnal
ductile fracture process after the onset of necking. During
the ﬁnal ductile fracture process, there was a contribution
of hydrogen associated brittle fracture events in small-
localised areas.
5. These hydrogen events were competing with a simulta-
neously occurring ductile fracture throughout the necked
region, implying that these hydrogen events propagated
with high velocities, which is consistent with an AIDE type
of propagation mechanism.
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A critical review of the influence of hydrogen on 
the mechanical properties of medium-strength 
steels
Abstract: As medium-strength steels are promising candi-
dates for the hydrogen economy, it is important to under-
stand their interaction with hydrogen. However, there are 
only a limited number of investigations on the behavior of 
medium-strength steels in hydrogen. The existing litera-
ture indicates that the influences of hydrogen on the ten-
sile properties of medium-strength steels are mainly the 
following: (i) the steel can be hardened by hydrogen, as 
demonstrated by an increase in the yield stress or ultimate 
tensile stress; (ii) some steels can be embrittled by hydro-
gen, as revealed by lower yield stress or ultimate tensile 
stress; (iii) in most cases, these steels may experience 
hydrogen embrittlement (HE), as indicated by a reduction 
in ductility. The degree of HE mainly depends on the test 
conditions and the steel. The embrittlement can lead to 
catastrophic brittle fracture in service. The influence of 
hydrogen on the fatigue properties of medium-strength 
steels is dependent on many factors such as the stress 
ratio, temperature, yield stress of the steel, and test fre-
quency. Generally, the hydrogen influence on fatigue limit 
is small, whereas hydrogen can accelerate the fatigue 
crack growth rate, leading to a shorter fatigue life. Inclu-
sions are an important factor influencing the properties 
of medium-strength steels in the presence of hydrogen. 
However, it is not possible to predict the influence of 
hydrogen for any particular steel that has not been experi-
mentally evaluated or to predict service performance. It is 
not known why similar steels can have different behavior, 
ranging from good resistance to significant embrittle-
ment. A better understanding of the microstructural char-
acteristics is needed.
Keywords: hydrogen embrittlement; mechanical proper-
ties; medium-strength steel.
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1  Introduction
In 1874, Johnson reported the degradation of mechanical 
properties of iron and steel due to hydrogen. He described 
the phenomenon as: ‘This change is at once made evident 
to any one by the extraordinary decrease in toughness 
and breaking strain of the iron so treated, and is all the 
more remarkable as it is not permanent, but only tempo-
rary in character, for with lapse of time the metal slowly 
regains its original toughness and strength’ (Johnson, 
1874). Since then, there have been many investigations 
into the influence of hydrogen on the mechanical prop-
erties of steels. Comprehensive reviews from different 
viewpoints have been published (Barnoush, 2011; Ćwiek, 
2010; Elboujdaini & Revie, 2009; Eliaz, Shachar, Tal, & 
Eliezer, 2002; Gangloff & Somerday, 2012; Hirth, 1980; 
Lynch, 2012; Nagumo, 2004; Oriani, Hirth, & Smialowski, 
1985; Raja & Shoji, 2011). Generally, hydrogen degrada-
tion is classified into five types (Ćwiek, 2010; Lino, 1985): 
(i) cracking from precipitation of internal hydrogen, 
leading to shatter cracks, flakes, and fish-eye fractures; 
(ii) hydrogen attack; (iii) hydrogen blistering; (iv) crack-
ing from hydride formation; and (v) hydrogen embrittle-
ment (HE). Ćwiek (2010) has given a brief description of 
each damage type and some prevention methods. In this 
review, we mainly focus on the fifth type of hydrogen-
induced damage – HE.
HE is the hydrogen-induced decrease in the properties 
of steel components such as reduced ductility and tensile 
strength, subcritical crack growth under monotonic 
loading, and increased fatigue crack growth (FCG) rates. 
Some standards for HE measurement are given in the fol-
lowing references (ASTM, 2011, 2012a,b).
HE can be divided into two types (Raja & Shoji, 2011): 
(i) ‘internal hydrogen embrittlement’ (IHE), which is due 
to the preexisting hydrogen already inside the steel, such 
as from pickling during manufacture, and (ii) ‘hydrogen 
environment embrittlement’, wherein hydrogen is from 
the environment, such as from corrosion in aqueous solu-
tions, cathodic protection, and hydrogen gas. This latter 
case is the main focus of most research.
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High-strength (and ultra-high-strength) martensitic 
steels with yield strengths higher than about 1400  MPa 
(hardness higher than 38 on the Rockwell C scale) are par-
ticularly susceptible to IHE (Raja & Shoji, 2011; Ramamurthy 
& Atrens, 2013), even when the hydrogen content is  < 1 ppm 
(Ramamurthy & Atrens, 2013). Although laboratory vessels 
can be made out of exotic materials, there is an economic 
incentive to use less expensive materials such as steels, as 
the technology is scaled up. Thus, there is a requirement 
to understand the interaction of hydrogen with medium-
strength steels that may be suitable for hydrogen service.
This review focuses on the influence of hydrogen on 
the properties of medium-strength steels, typically with 
tensile strengths in the range of 600–1000 MPa.
2  Entry of hydrogen
Perng and Wu (2003) reviewed the mechanisms of hydro-
gen entry into metals. For steels in service, there are two 
sources of hydrogen from the environment: (i) hydrogen 
gas and (ii) corrosion. The overall gas-solid interaction is 
defined in terms of three steps: physisorption, chemisorp-
tion, and absorption. Physisorption is reversible, and the 
energy for adsorption is low, usually  < 20 kJ mol-1 (Pasco, 
1985). It is much easier for physisorption to achieve equi-
librium at room temperature. At much higher tempera-
tures, chemisorption is the main way for hydrogen uptake. 
The energy for adsorption is related to the bond energies 
of an M-H and H-H pair. For a Fe-H bond, the energy is 
282 kJ mol-1 (Pasco, 1985), which is much higher than phy-
sisorption. Usually, the physisorbed hydrogen transfers 
into chemisorbed hydrogen before entering into the metal.
Corrosion, the other main hydrogen source, can involve 
hydrogen in the cathodic partial reaction. The hydrogen 
evolution reaction (HER) may proceed through the follow-
ing steps (Lasia & Gregoire, 1995; Zakroczymski, 1985):
(i) H3O++M+e→M·Hads+H2O (in acid solutions) (1)
 or H2O+M+e→M·Hads+OH- (in alkaline solutions) (2)
(ii) 2M·Hads→H2+2M (chemical desorption) (3)
 or M·Hads+H3O++e→H2+H2O+M (in acid solutions) (4)
 or M·Hads+H2O+e→H2+OH-+M (in alkaline solutions) (5)
M·Hads represents a hydrogen atom adsorbed on the metal 
surface. Molecular hydrogen gas can be formed and then 
can desorb from the sample surface, through Eqs. (3) to (5), 
or hydrogen can enter into the metal through the hydro-
gen absorption reaction (HAR). Two models of hydrogen 
entry were proposed, respectively, by Bockris, McBreen, 
and Nanis (1965) (Model A) and Bagotskaya et al. (Model 
B) (Zakroczymski, 1985). For Model A, the adsorbed state 
is an intermediate stage through which electrolytic hydro-
gen enters into the metal substrate. It is identical to that 
which leads to hydrogen evolution. The reaction sequence 
at the cathode surface is as follows (in acid):
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M·Habs refers to the absorbed hydrogen inside the metal. 
The permeation rate should be proportional to the cover-
age of the metal surface by adsorbed hydrogen atoms, θH.
For Model B, HAR and HER do not occur dependently. 
The intermediate states for hydrogen entering the metal 
lattice and hydrogen evolution are different. The follow-
ing schematic gives the reaction sequence at the cathode 
surface.
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Bockris et al. (1965) studied HER on pure iron in 0.1 n H2SO4 
and 0.1 n NaOH. Their results showed a coupled discharge 
chemical desorption mechanism for hydrogen evolution 
on iron at low overpotentials (more negative than -1.02 
VNHE). The adsorption of hydrogen on the metal surface fol-
lowed Langmuir adsorption, implying that hydrogen was 
absorbed via Model A.
The processes mentioned above do not involve the 
presence of an oxide film, which makes the hydrogen 
absorption more complicated, for example, the film can 
reduce the apparent hydrogen diffusivity (Perujo, Serra, 
 Alberici, Tominetti, & Camposilvan, 1997).
3   Equivalence of gaseous and  
electrolytic charging
Two methods have been used to simulate metals used 
in hydrogen environments: (i) electrochemical charging 
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(Glowacka & Swiatnicki, 2003; Glowacka, Wozniak, & 
Swiatnicki, 2005; Herms, Olive, & Puiggali, 1999; Li, 
Gangloff, & Scully, 2004; Pan et al. 2002; Panagopoulos, 
El-Amoush, & Georgarakis, 2005; Wang, 2009; Wang, 
Akiyama, & Tsuzaki, 2005a) for which the specimen is 
placed in an electrochemical cell, and either a current 
density ic or a negative potential, Ec, is applied to the spec-
imen for charging, and (ii) gas-phase hydrogen charging 
(Hardie, Xu, Charles, & Wei, 2004; West & Louthan, 1982), 
typically at an elevated temperature. Theoretically, the 
same amount of hydrogen can be charged into a metal 
through the different charging methods, if appropriate 
charging parameters are chosen. The gaseous charging 
and electrolytic charging are equivalent.
The hydrogen concentration in equilibrium is given 
by Sievert’s law. However, the f/P data (f is the fugac-
ity, P is pressure) for hydrogen given by Holley, Worlton, 
and Zeigler (1958) indicated that it was more reasonable 
to use fugacity 
2H
f  rather than pressure 
2H
P  in Sievert’s 
law. Therefore, in a hydrogen gas environment, the hydro-
gen concentration, CH, in equilibrium dissolved in a solid 
metal is proportional to the square root of hydrogen fugac-
ity, given by
 
2
,H HC S f=  (8)
where S is a solubility constant and 
2H
f  is the hydrogen 
fugacity.
Bockris and Subramanyan (1971) investigated the 
equivalent pressure of molecular hydrogen in metals 
in terms of overpotential, η, during HER, where η is the 
deviation of the applied potential, Ec, from the equilib-
rium potential of HER at unit fugacity, 0 .HE  In acid solu-
tions, it is generally thought that HER is controlled by the 
fast discharge-slow electrochemical desorption sequence 
(Atrens, Mezzanotte, Fiore, & Genshaw, 1980). In this case, 
the relationship between H2f  and the electrolytic charging 
conditions as specified by Ec is given by
 2
02( - )2exp - exp - .c HH
E E FFf
RT RT
η   
= =        
(9)
Meanwhile, in a permeability experiment, the hydro-
gen concentration on the entry side is proportional to the 
current density at steady state and given by (Hadam & 
Zakroczymski, 2009)
 
,
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where ei
∞
 is the steady current density at a given negative 
potential, L is the sample thickness, F is Faraday constant, 
and D is the hydrogen diffusion coefficient. Under the sole 
assumption that Sievert’s law applies to both gas-phase 
permeation studies and electrolytic charging studies, then
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Eq. (11) indicates that the plot of ln i∞ and Ec should 
be linear, which was verified by the results in the study of 
Atrens et al. (1980). Thus, it is possible to conduct equiva-
lent electrolytic and gaseous permeability studies by the 
choice of an appropriate applied potential Ec.
Compared with gas-phase hydrogen charging, the 
electrochemical charging method is easier to operate. 
With the help of an established relationship between the 
gas-phase hydrogen charging and the electrochemical 
charging, proper potential could be set during electro-
chemical charging to provide a better stimulation of the 
actual H condition in service. In this case, the results from 
mechanical or fatigue tests with hydrogen charging would 
be more reliable for predicting the safe life of the steel. 
This could help the designer choose the proper steels for 
their designs.
4  Hydrogen permeation
To better understand the influence of hydrogen on steels 
and to estimate the safe life more accurately, it is impor-
tant to know the hydrogen diffusion coefficient, D, and 
the hydrogen concentration, CH, in steels. It is then pos-
sible to assess how much hydrogen is in the steel and how 
far the hydrogen can diffuse in a given period in service.
The permeability method is the most common method 
used to measure these two parameters. This method is 
based on a membrane using either gas-phase charging or 
electrochemical charging. Gas-phase charging usually is 
applied at elevated temperatures, typically above 150°C. 
Electrochemical charging is more commonly used at tem-
peratures up to 100°C. Hydrogen absorption, permeation, 
and desorption can be measured using the electrochemi-
cal double cell, which was first described by Devanathan 
and Stachurski (1962). Hydrogen atoms are generated on 
one side of the membrane (the entry side) and the diffus-
ing hydrogen atoms are oxidized on the other side (the 
exit side). On the entry side, solutions used are usually 
NaOH or H2SO4 aqueous solution; on the exit side, the 
solution is typically NaOH aqueous solution (Addach, 
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Berçot, Rezrazi, & Takadoum, 2009; Atrens et  al., 1980; 
Beck, Bockris, Genshaw, & Subramanyan, 1971; Frappart 
et al., 2012; Grabke & Riecke, 2000; Hashimoto & Latani-
sion, 1988a; Tau, Chan, & Shin, 1996; Yan & Weng, 2006; 
Zhang & Zheng, 1998). Figure 1 shows a typical cell used 
for permeability test (Atrens et al., 1980).
In the permeability method, the hydrogen in the 
metal is the sum of the reversible trapped hydrogen and 
the lattice hydrogen. Usually, the constant concentration 
model (Zhang, Zheng, & Wu, 1999) is proposed to evaluate 
the hydrogen diffusivity from the permeation tests. The 
boundary conditions are as follows:
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where t is the time, Cx = 0 and Cx = L are the hydrogen con-
centrations on the entry and exit surfaces, and C0 is the 
uniform concentration that is determined by the input 
hydrogen fugacity or the applied potential. Based on these 
boundary conditions, the detailed calculation methods 
are described as follows:
(i) A common way for calculating D is the time lag 
method, which was proposed by Daynes (1920), derived 
from Fick’s second law. The formula is
 
2
,
6 L
LD
t
=
 
(14)
where L is the thickness of sample, tL is the lag time; 
usually tL is the time when i≈0.63i∞. This method is simple 
because it does not take the absorption and desorption 
of hydrogen into consideration. However, the D obtained 
from this method is inversely proportional to the sample 
thickness, which is theoretically incorrect. A method 
similar to the time lag method is the half time method, t1/2. 
t1/2 is the time required for the permeation flux to attain 
a height half of the steady-state level (McBreen, Nonis, & 
Beck, 1966).
(ii) In the method of successive transients (Atrens 
et al., 1980), the subsequent rise or decay of the permea-
tion current, i, is recorded after steady-state conditions 
have been achieved in the prior transient. A generalized 
transient can be defined in terms of a normalized current 
parameter, 
0
1 0
- ,
-
i i
i i
τ ∞
∞ ∞
 and a dimensionless time parameter, 
2 .
Dt
L
τ=  This displacement of typical time and log τ axis 
provides a direct indication of D because
 logτ = log B+log t, (15)
where B = DL-2 is the displacement distance. Alternatively, 
once the experimental and master plots are brought into 
coincidence, each value of t fixes a value of τ, so that D 
may be calculated from
 
2 -1log log .D L
t
τ 
=     
(16)
(iii) A new model for hydrogen permeation proposed 
by Wang (1936) was simplified by Zhang and Zheng (1998), 
considering the absorption and desorption processes as a 
forward and a reverse jump. In this theory, the permeation 
process was considered as a one-dimensional process. 
Spiral condenser
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Figure 1 Schematic of an electrolytic permeability cell.
Reprinted from Atrens et al. (1980), with permission from Elsevier.
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The diffusivity, D, is evaluated from fitting the measured-
normalized permeation flux with the following equation:
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where J and J∞ are the permeation flux at the time t and 
at the steady state, k is the desorption rate parameter, L 
is the sample thickness, and λm is the mth positive root of
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The diffusivity, evaluated from the proposed model, 
for hydrogen diffusion in fully annealed commercially 
pure iron at room temperature was about 4 × 10-5  cm2 s-1 
(Zhang & Zheng, 1998), which was independent of sample 
thickness.
The diffusivity, D, can also be calculated by the fol-
lowing method from the shape of the hydrogen distribu-
tion. After measuring the hydrogen content distributions 
in specimens, using the least-square method based on Eq. 
(19) (Kanezaki, Narazaki, Mine, Matsuoka, & Murakami, 
2008), D can be obtained.
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where x is the depth from the surface, t is the time of 
hydrogen charging, Cs is the saturated hydrogen content 
by the hydrogen charging, Cu is the hydrogen content 
of the uncharged specimen, and D is the temperature-
dependent diffusion coefficient of hydrogen.
With knowing D, the hydrogen concentration in the 
steel can be calculated according to Eq. (10) (Hadam & Zak-
roczymski, 2009). Then, the evaluation of hydrogen influ-
ence on the properties of steels can be more reasonable.
5  HE mechanisms
A short summary is presented of HE mechanisms. These 
are mainly based on pressure, decohesion, surface 
adsorption, and enhanced plastic flow (Beachem, 1972; 
Birnbaum & Sofronis, 1994; Lynch, 2009; Mukhopadhyay, 
Sridhar, Parida, Tarafder, & Ranganath, 1999; Nelson, 
1983; Petch & Stables, 1952; Popov & Nechai, 1967; Toribio, 
1996; Troiano, 1960; Zapffe & Sims, 1941). Lynch (2012) 
has recently given an extensive review on the possible 
mechanisms for HE.
The pressure theory of hydrogen damage (Zapffe & 
Sims, 1941) attributes HE to the accumulation of hydro-
gen at voids or other internal surfaces, where hydrogen 
combines to form molecular hydrogen. A high internal 
pressure is created at these microstructural discontinui-
ties that enhances void growth or initiates cracking. The 
hydrogen-enhanced decohesion (HEDE) mechanism 
(Mukhopadhyay et al., 1999; Toribio, 1996; Troiano, 1960) 
proposes that the atomic bonding of the sharp crack tip, or 
the particle-matrix interfaces ahead of cracks, or several 
tens of nanometers ahead of cracks where the tensile 
stress is maximum, or the position of maximum hydro-
static stress, is degraded in the presence of dissolved 
hydrogen. A lower stress is needed to initiate or propagate 
a crack. The surface adsorption theory (Petch & Stables, 
1952) suggests that the surface free energy is decreased by 
hydrogen adsorption, and thus the fracture stress needed 
for a new surface is decreased. Hydrogen-enhanced local 
plasticity (HELP) (Birnbaum & Sofronis, 1994) is charac-
teristic of atomic hydrogen that enhances the mobility 
of dislocations, causing locally reduced shear strength. 
This fracture process results in cracking by microvoid 
coalescence (MVC) along preferred crystallographic glide 
planes. HELP is a highly localized plastic failure process 
that causes macroscopic embrittlement. The adsorption-
induced dislocation emission (AIDE) mechanism pro-
poses (Lynch, 1988, 2009) that hydrogen adsorbed on 
the surface, and among the first few atomic layers, facili-
tates the nucleation of dislocations from the crack tip by 
weakening the interatomic bonds. In many cases, studies 
propose that these mechanisms are mixed (Birnbaum, 
1989; Gangloff, 2003). These mechanisms of cracking may 
occur simultaneously, depending on the material and the 
environment variables.
6   Hydrogen influence on tensile 
properties
Understanding the influence of hydrogen on the tensile 
properties is important to the assessment of service perfor-
mance. The tensile test accompanied with microscopy is 
often used to study the influence of hydrogen on mechani-
cal properties, in which a specimen is loaded in uniaxial 
tension until failure. The specimen can be a smooth bar, 
a notched bar, or a plane strain specimen. The tensile test 
allows the measurement of the yield strength, ultimate 
strength, total elongation, and the reduction in cross-
sectional area. Two approaches have been developed: 
(i) the slow strain rate test (Wang et  al., 2005a; Wang, 
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2009; Wang, Akiyama, & Tsuzaki, 2007; Zakroczymski, 
Glowacka, & Swiatnicki, 2005), which increases strain 
until fracture, and (ii) the linearly increasing stress test 
(LIST) (Atrens, Brosnan, Ramamurthy, Oehlert, & Smith, 
1993; Gamboa & Atrens, 2003a,b, 2005; Liu, Irwanto, & 
Atrens, 2013; Ramamurthy & Atrens, 2010; Ramamurthy, 
Lau, & Atrens, 2011; Villalba & Atrens, 2007, 2008a,b, 
2009), which increases stress until fracture.
6.1  Ductility
Ductility is an important property of materials. The duc-
tility can be quantified by (Dieter, 1961) (i) the fracture 
strain, εf%, which is the engineering strain at which a test 
specimen fractures during a uniaxial tensile test, or (ii) by 
the reduction of area at fracture, RA%, which can be evalu-
ated by the following equation:
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where Ai and Af are the initial and the final fracture areas, 
respectively. It is reasonable to assess (i) the influence of 
hydrogen on ductility and ii) the significance of HE by the 
difference in values of fracture strain or RA% obtained 
with or without hydrogen charging.
Tests by Marchetti, Herms, Laghoutaris, and Chêne 
(2011) showed that for the ferritic-martensitic steel T91, 
the elongation and the reduction of area decreased due to 
hydrogen charging. This is consistent with the influence 
of hydrogen on the ductility of A-106 steel (Sudarshan, 
Louthan, & McNitt, 1978). The ferritic-martensitic steel T91 
could experience significant HE with hydrogen charging. 
Maier, Popp, and Kaesche (1995) showed that for 90MnV8, 
hydrogen charging caused a more significant reduction in 
ductility as the charging current density increased, as is 
shown by Figure 2A. In air, the effect of strain rate on elon-
gation to fracture was only minor; Figure 2B shows that 
the ductility decreased at lower strain rates for specimens 
being hydrogen charged.
A trend of decreasing tensile ductility with increasing 
gas pressure was observed by Nanninga et al. (2012). The 
ductility of X52, X65, and X100 was significantly degraded 
by gaseous hydrogen. For example, compared with 76% in 
air, the RA% of X100 reduced to 23% in hydrogen gas with 
a pressure of 27.6 MPa. The results presented by Arafin 
and Szpunar (2011) showed similar results for X80 and 
X100, indicating that both steels were highly vulnerable 
to HE at cathodic potentials, especially at a more nega-
tive potential. This agrees with the investigation of X80 
by Moro et  al. (2010). Torres-Islas, Salinas-Bravo, Albar-
ran, and Gonzalez-Rodriguez (2005) found that the influ-
ence of hydrogen was considerable on the quenched, and 
both quenched and tempered X70, specimens. Sojka et al. 
(2011) found that the elongation reduced with hydrogen 
content in TRIP 800 steels, indicating that the steels were 
embrittled to different degrees depending on the hydro-
gen content in steels. Significant HE can be provoked for 
very high hydrogen content. Moon, Balasubramaniam, 
and Panda (2010) showed that rail steels of C-Mn, Cu-Mo, 
and Cr-Cu-Ni were susceptible to HE based on the reduc-
tion in both the elongation and RA%.
Using LIST (Atrens et  al., 1993; Gamboa & Atrens, 
2003a,b, 2005; Liu et  al., 2013; Oehlert & Atrens, 1996; 
Ramamurthy & Atrens, 2010; Ramamurthy et  al., 2011; 
Villalba & Atrens, 2007, 2008a,b, 2009), Villalba and 
Atrens (2007) showed that hydrogen caused significant 
loss of ductility for some medium-strength steels (1019, 
MRB500, X1340F, YK5155S, 4145V, 10M40, X11M47, and 
HSAC840) in the form of smaller strain to fracture, εf%. 
For example, for the X1340F steel, εf% equaled 24% and 
9% in air and in the sulfate pH ∼2.1 solution used to charge 
hydrogen. The lower value of εf% obtained in solution 
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Figure 2 Elongation to fracture as a function of (A) charging current density, ic, ( -6 -1( 1.4 10 s )ε= × ) and (B) strain rate (ic = -500 A m-2),  
compared with a test run in air, T = 293 K.
Reprinted from Maier et al. (1995) with permission from Elsevier.
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implied that the steel had experienced some embrittle-
ment, although the fracture surface did not show SCC fea-
tures. In contrast, 1003 showed little ductility in the pH 
∼2.1 solution and brittle SCC features (Villalba & Atrens, 
2007). The quenched and tempered 3.5NiCrMoV steel (Liu 
et al., 2013) also experienced some ductility reduction by 
smaller RA% under hydrogen charging, which decreased 
more with decreasing applied potential (more hydrogen). 
This is essentially the same phenomenon as that showed 
in Figure 1A (Maier et al., 1995). However, it was notable 
that although the tested 3.5NiCrMoV steel slightly suf-
fered from some HE, there was no SCC feature on the frac-
ture surface, which was mostly covered by dimples. The 
appearance of HE only occurred after the onset of necking.
After hydrogen charging, the RA% of 4307 and 1022QT 
reduced from 55% to 46% and from 52% to 43%, respec-
tively (Lukito & Szklarska-Smialowska, 1997). Lukito and 
Szklarska-Smialowska (1997) defined a ‘% ductile mode’ 
to represent the fraction of the neck that fractured by a 
ductile failure mode. The results showed that the variation 
in this parameter between the charged and the uncharged 
samples was very small for both steels. The decreases in 
‘% ductile mode’ after hydrogen charging were 1.3% and 
1% for 4037 and 1022QT, respectively. This implied that 
hydrogen did not have a significant influence on the duc-
tility of those two steels, indicating these two steels have 
good resistance to HE.
In conclusion, the ductility of materials can be influ-
enced by hydrogen, but it is not always considerable. For 
some medium-strength steels, the reduction in ductility 
due to hydrogen was obvious, indicating that the steels 
have experienced HE, and would be expected to undergo 
unexpected brittle fracture if exposed in service under 
conditions producing hydrogen. However, there were 
some steels that showed good ductility with only a slight 
decrease in RA% under hydrogen charging; these steels 
present good resistance to HE. There were similar steels 
with similar composition and microstructural character-
istics that showed very different influence of hydrogen, 
ranging from good resistance to significant embrittlement 
(Gamboa & Atrens, 2003a,b, 2005; Villalba & Atrens, 2007, 
2008a,b, 2009). Clearly, a better understanding of the 
interaction of hydrogen with microstructural characteris-
tics is needed.
6.2   Embrittlement and hardening by 
hydrogen
Both HELP and AIDE mechanisms indicate that hydro-
gen could embrittle the steel, and the observations of 
enhanced dislocation nucleation and increased dislo-
cation velocities in the presence of hydrogen and much 
research (Araújo et  al., 2011; Cracknell & Petch, 1955; 
Hirth, 1980; Sudarshan et  al., 1978) have verified this 
conclusion. Araújo et  al. (2011) found that the API 5L 
X60 steel presented a softening process with hydrogen 
charging, observed by the decrease in yield strength and 
increase in the ductility. Sudarshan et al. (1978) showed 
that the yield point of A-106 steel was reduced by expo-
sure to gaseous hydrogen, as did the fracture strength. 
Lukito and Szklarska-Smialowska (1997) presented that 
the tensile strengths of 4037 and 1022QT were slightly 
lower after being charged by hydrogen, indicating that 
hydrogen did not produce a significant effect on the 
tensile properties of these steels.
In contrast, there are many reports as well showing 
that hydrogen strengthened the materials. The slope of the 
stress-stain curve and the ultimate tensile strength (UTS) 
for the spheroidized low-alloy steel 90MnV8 (Maier et al., 
1995) was not affected by hydrogen charging. Villalba and 
Atrens (2008b) found that X70 showed similar values of 
the UTS in air and with hydrogen charging, whereas the 
values of UTS of 4140H were higher with hydrogen charg-
ing. The investigation of three pipeline steels by Nanninga 
et  al. (2012) showed that there were slight increases in 
yield and tensile strength by hydrogen. Nanninga et  al. 
stated that gaseous hydrogen did not have a significant 
effect on either the yield or tensile strength. LIST research 
on 3.5NiCrMoV steel (Liu et al., 2013) also showed that the 
yield stress and the fracture stress were increasing slightly 
instead of decreasing with negatively increasing charging 
potential. A similar trend was observed for the ferritic-
martensitic steel T91 (Marchetti et al., 2011). Based on the 
results from Villalba and Atrens (2007, 2008b), Marchetti 
et al. (2011), and Liu et al. (2013), it is concluded that for 
these steels, instead of degradation, hydrogen raised the 
yield stress and the fracture stress slightly; these materi-
als were hardened by hydrogen. This phenomenon was 
reported by others as well (Abraham & Altstetter, 1995; 
Caskey, 1981; Louthan, Caskey, Donovan, & Rawl, 1972; 
Matsui, Kimura, & Moriya, 1979; Oguri, Takaki, & Kimura, 
1982; Oriani & Josephic, 1980; Siddiqui & Abdullah, 2005; 
Thomson, 1978; West & Louthan, 1982). It was proposed 
that the hardening of materials with hydrogen could be 
interpreted as a result of hydrogen-dislocation interac-
tions (Abraham & Altstetter, 1995; Louthan et  al., 1972; 
Matsui et al., 1979; Oriani & Josephic, 1980). The increase 
in yield stress in the presence of hydrogen was explained 
by the inhibition of moving dislocation or impeding cross 
slip by hydrogen (Abraham & Altstetter, 1995; Oriani & 
Josephic, 1980).
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It is concluded that hydrogen embrittles some 
medium-strength steels by giving lower yield stress or 
tensile stress. In some cases, the material was hardened 
in the presence of hydrogen presenting a higher yield 
stress or fracture stress. There were some other medium-
strength steels, even though the reduction in ductility due 
to hydrogen was significant, hydrogen did not produce 
a significant influence on the UTS and yield stress, even 
under severe hydrogen charging conditions.
6.3  Fracture with hydrogen charging
The fracture surfaces obtained under hydrogen charging 
may be a mixture of topographies, as shown in Figure 3 
(Gamboa & Atrens, 2003a), such as secondary cracks, 
corrugated irregular surface (CIS), tearing topography 
surface (TTS) (Toribio, Lancha, & Elices, 1991a), quasi-
MVC (qMVC), MVC, and fast fracture surface (FFS) instead 
of pure MVC as often occurs on uncharged specimens. 
TTS, having spacing that is only slightly coarser than that 
of pearlite’s, is characterized by a ridge pattern free from 
the pearlite microstructure. It occurred close to the free 
surface due to HE (Toribio, Lancha, & Elices, 1991b). CIS 
was characterized as porous irregular corrugated surfaces 
joined by rough slopes. It was described as a network of 
corrugated surfaces, displaying a network of branched 
channels joined by rough slopes. qMVC surface contained 
much flatter microvoids, similar to the MVC in pure ductile 
failure samples. This was attributed to some hydrogen 
entering the material but not in sufficient concentration to 
cause the morphology to resemble that of CIS. It is almost 
a ductile fracture. The MVC displayed dimples. FFS con-
sisted of flat areas marked by tear lines. The orientation of 
the maples leaves in the FFS tended to far away from the 
crack initiation site, which was due to the crack propagat-
ing quickly away from the subcritical growth area.
Figure 4 presents the daisy-like features observed on 
the hydrogen-charged 3.5NiCrMoV specimens (Liu et al., 
2013). The examination of the daisy-like features indicated 
A B
C D
Figure 3 Typical features on a brittle surface: (A) TTS, (B) CIS, (C) qMVC-FFS, (D) FFS.
Reprinted from Gamboa and Atrens (2003) with permission from Elsevier.
Influence of Hydrogen on Metallic Components for Clean Energy                                     Qian Liu, December 2014 Page 26
Q. Liu and A. Atrens: Hydrogen and medium-strength steels      93
that there were inclusions in the centers of these features, 
implying these inclusions were probably the initiation 
sites of the hydrogen-related fracture events associated 
with the daisy-like features. Inclusions are an inevitable 
part of the microstructure of commercial steels such as 
3.5NiCrMoV (Lynch, 1988; Popov & Nechai, 1967). Presum-
ably, the hydrogen-inclusions interactions might lead to 
the occurrence of daisy-like features.
In some cases, there is no necking and only brittle 
fracture in the presence of hydrogen. However, necking 
may exist even in the presence of hydrogen, and the frac-
tography can be dominated by ductile dimples. The inves-
tigations (Villalba & Atrens, 2007, 2008a,b, 2009) on X70 
Figure 4 A view of the daisy-like round flat regions on the fracture 
surface of 3.5NiCrMoV steel tested in 0.1 m Na2SO4, pH = 2 at -950 
mVAg/AgCl.
Reprinted from Liu et al. (2013) with permission from Elsevier.
A B
Figure 5 Overview of the necked part of the 3.5NiCrMoV steel tested (A) in air, no cracks observed, and (B) in 0.1 m Na2SO4, pH = 2 at -950 
mVAg/AgCl , cracks in the necked part.
Reprinted from Liu et al. (2013) with permission from Elsevier.
and 4145H showed that all the samples of X70 and 4145H 
showed ductile characteristics in all tested conditions, no 
matter, at the free corrosion potential, or at increasingly 
negative applied potential values up to -1500  mV. With 
decreasing applied potential, the aggressiveness of the 
environment increased on account of increasing hydro-
gen liberated the specimen surface. However, the frac-
tography of X70 observed by Wang (2009) indicated that 
the average size of dimples after hydrogen charging was 
smaller than that of uncharged specimens and became 
smaller as the charging current density increased. The 
decrease in diameter of dimples reflected the loss of 
ductility of the steel. Moreover, Wang indicated that the 
fracture morphology can be influenced by the hydrogen 
charging process. The fracture surfaces, either hydrogen 
pre-charged or without hydrogen charging, were char-
acterized by dimples, whereas under dynamic hydrogen 
charging, the fracture surface was dominated by the 
cleavage morphology. The different fracture surfaces 
obtained from pre-charged and dynamic charged speci-
mens revealed that they were related to different fracture 
mechanisms. According to the experimental fracture 
morphology, HELP was responsible for the reduction of 
the fracture toughness in the former, with dimples all 
over the surface and HEDE for the latter, with the appear-
ance of cleavage facets. This indicates that there can be 
different consequences with different hydrogen charging 
processes.
The influence of hydrogen on the fracture was pre-
sented by surface cracks as well, as shown in Figure 5 (Liu 
et al., 2013). Marchetti et al. (2011) stated that with hydro-
gen charging, (i) cracking occurred in the necked part and 
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(ii) only occurred after the onset of necking and the brittle 
zone located at the edge of the fracture surface increased 
with charging current. Marchetti et al. (2011) proposed that 
(i) there was a critical hydrogen concentration for crack 
initiation and (ii) the extent of cracking directly depended 
on the hydrogen concentration. Meanwhile, Brass and 
Chêne (2006) found that there was a strong influence of 
the deformation mechanisms associated with the mate-
rial microstructure on the strain-induced changes of the 
permeation current density. Thus, Marchetti et al. (2011) 
attributed the increase of apparent hydrogen diffusion 
coefficient (Dapp), with increasing charging current, to the 
combination of the increased trapping rate on preexisting 
and strain-induced traps during the deformation and to 
H dragging by moving traps such as dislocations (Hashi-
moto & Latanision, 1988b). The consequence of increased 
Dapp would be increased local hydrogen concentration and 
increased crack depth on the fracture surface.
In summary, due to hydrogen, brittle features such 
as CIS, TTS, qMVC, FFS, and daisy-like feature can be 
observed on the fracture surface. However, for steels 
having a good resistance to HE, the fracture surface was 
mainly occupied by dimples interpreted with small brittle 
features.
7   The hydrogen influence on 
fatigue
Fatigue occurs when a material is subjected to repeat 
loading and unloading. If the loads are above a thresh-
old, microscopic cracks begin to form at the surface. 
Eventually, a critical size of the crack is reached, leading 
to sudden fracture. In the presence of hydrogen, in most 
cases, the fatigue properties are degraded.
7.1  Fatigue life and fatigue limit
Generally, fatigue life could be reduced drastically, for 
example, by more than 80%, in the presence of hydro-
gen (Balitskii, Krohmalny, & Ripey, 2000; Ćwiek, 2007; 
Fukuyama, Yokoyawa, Kudo, & Araki, 1985; Kuromoto, 
Guimarães, & Lepienski, 2004; Labidi, Habashi, Tvrdy, 
& Galland, 1992; Nagumo, Shimura, Chaya, Hayashi, & 
Ochiai, 2003; Tsuchida, Watanabe, Kato, & Seto, 2010), 
whereas the fatigue limit is lower but not much compared 
with no hydrogen charging (Capelle, Gilgert, & Pluvinage, 
2010; Fukuyama et  al., 1985; Kishi & Takano, 2010; 
Macadre, Yano, Matsuoka, & Furtado, 2011; Matsubara & 
Figure 6 Fatigue test results from Murakami and Matsunaga.
Reprinted from Murakami and Matsunaga (2006) with permission 
from Elsevier.
Hamada, 2006; Nagata, Guy, & Murakami, 2005; Nagumo 
et  al., 2003). The examination on the medium strength 
steels showed a similar trend.
The results from Murakami and Matsunaga (2006) 
in Figure 6 indicated that fatigue life was reduced sig-
nificantly with hydrogen charging. The fatigue test results 
from Wada, Ishigaki, Tanaka, Iwadate, and Ohnishi (2005) 
showed that hydrogen induced considerable reductions in 
cycles to failure as well, but the reduction tended to be 
less as the plastic strain range decreased. Meanwhile, 
Wada et  al. (2006) found that the fatigue limit was not 
influenced by hydrogen.
The investigation on a tempered martensitic NiCrMo 
steel (Macadre et  al., 2011) showed that with hydrogen 
charging, the decrease in fatigue life was significant, 
about 20% of that uncharged samples. However, the dif-
ference between fatigue limits of the uncharged and 
charged specimens was not obvious.
The low cycle fatigue (LCF) life of 2.25Cr1Mo (Han 
& Feng, 1995) was reduced remarkably, about 80%, by 
hydrogen compared with non-hydrogen charging. SEM 
analyses indicated that hydrogen atoms accelerated crack 
initiation of LCF from inclusions and transferred the 
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source of LCF crack from the surface of specimen to the 
inclusion, which resulted in the considerable decrease 
in LCF life. However, the original stress amplitudes for 
hydrogen-charged specimens were higher than that of 
uncharged specimens at the same strain amplitude, and 
the difference between them increased with increas-
ing strain amplitude. They stated that this phenomenon 
was attributable to the drag effect of hydrogen on the 
moving dislocations (Abraham &  Altstetter, 1995; Oriani & 
 Josephic, 1980), which was relieved with increasing cyclic 
number, considering more and more hydrogen accumu-
lated toward interfaces and microvoids that initiated from 
the secondary phase particles.
For medium-strength steels, fatigue life could be 
reduced by almost 80% in the presence of hydrogen, 
whereas the decrease in fatigue limit is not that signifi-
cant, much  < 10%.
7.2   The threshold stress intensity factor 
range (ΔKth) for crack growth
In the presence of hydrogen, ΔKth could be changed com-
pared with the value obtained in air. The results given 
by Andreikiv and Goliyan (1986) showed that hydrogen 
reduced ΔKth for 35KhN3MFA rotor steel. However, ΔKth 
does not always decrease due to hydrogen. Shih and 
Donald (1981) showed that hydrogen had little influence 
on the ΔKth of a NiMoV rotor steel. Meanwhile, there are 
some factors such as the stress ratio (R), temperature, 
yield stress of the material, and test frequency, that can 
affect the hydrogen influence on ΔKth.
Balitskii, Boichenko, Sosnin, and Shokov (1987) 
found that ΔKth decreased in the presence of hydrogen and 
decreased even more at a lower loading frequency.
The influence of hydrogen on the ΔKth depends on 
the yield stress of the material. Romaniv, Nikiforchin, and 
Kozak (1985, 1987) measured da/dN vs. ΔK of 40 Kh and 
35khN3MFA steels after tempering at different tempera-
tures. The results given by Romaniv et al. (1985) indicated 
that in vacuum and air, ΔKth decreased with increasing 
yield strength. In the presence of hydrogen, a strong nega-
tive influence of hydrogen on ΔKth occurred only for metals 
with low σ0.2 values. At medium σ0.2 values, there was an 
increase in the thresholds ΔKth in hydrogen compared with 
that in air. No obvious influence of hydrogen on ΔKth of 
high-strength steels (σ0.2 > 1500 MPa) was observed com-
pared with that in air.
The stress ratio applied during testing could also affect 
hydrogen influence on ΔKth. With increasing stress ratio R, 
ΔKth decreased for both air and hydrogen environments 
(Iacoviello & Di Cocco, 2007). The study of Denk, Lepik, 
and Ebi (1993) indicated that for the 3.5NiCrMoV rotor 
steel, for positive R, ΔKth in hydrogen decreased with 
increasing R. This agreed with the results of Musuva 
and Radon (1979). However, it is worth noting that the R 
dependence of ΔKth on hydrogen was not significant.
Temperature is also an influential factor. Denk et al. 
(1993) showed that in air, the value of ΔKth decreased as 
the temperature increased from 20°C to 100°C. In hydro-
gen, the threshold values increased at elevated tempera-
tures, passing through a maximum at 60°C.
In conclusion, the influence of hydrogen on the ΔKth 
is dependent on many factors such as loading frequency, 
stress ratio, hydrogen concentration, and the material. 
Generally, at room temperature, ΔKth would be lower than 
that obtained in air in the presence of hydrogen.
7.3  FCG rate
With a hydrogen content of 0.08–0.25 ppm, the maximum 
increase in FCG of SNCM439 steel could be about 9 times 
that of uncharged specimens (Macadre et  al., 2011). The 
FCG rate of 2.25Cr1Mo with a martensitic microstructure was 
increased in the hydrogen environment (Hippsley, 1987). 
Tau et al. (1996) agreed that hydrogen accelerated the FCG 
rate, but they mentioned that the hydrogen-assisted FCG 
rate for the tempered martensites increased significantly 
with decreasing tempering temperature. That is, the degree 
of hydrogen influence on the FCG rate depends on other 
factors as well such as frequency, stress ratio, and so forth.
Generally, at a lower frequency, there would be more 
time for hydrogen diffusing into the crack tip, leading to a 
higher FCG rate (Murakami & Matsuoka, 2010). The inves-
tigation the FCG behavior of 2NiCrMoV (Smith & Stewart, 
1979) showed that the FCG rates was dependent on test 
frequency. With decreasing frequency, the influence of 
hydrogen on the FCG rates became more significant. Some 
researchers (Macadre et al., 2011; Musuva & Radon, 1979; 
Romaniv et al., 1987) found the same trend. Figure 7 is an 
example graph illustrating the accelerated FCG rate at 
lower frequency in the presence of hydrogen.
The stress ratio is also an important factor for the 
hydrogen influence on the FCG rate. The cyclic stress 
intensity range, ΔK, is related to maximum applied stress 
intensity, Kmax by the function (Nanninga, Slifka, Levy, & 
White, 2010):
 ΔK = (1-R)Kmax. (21)
As R increases, Kmax increases at a given ΔK. The investi-
gation by Musuva and Radon (1979) presented that a higher 
Influence of Hydrogen on Metallic Components for Clean Energy                                     Qian Liu, December 2014 Page 29
96      Q. Liu and A. Atrens: Hydrogen and medium-strength steels
FCG rate can be caused by the increased positive stress ratio 
at a given value of ΔK, as demonstrated in Figure 8.
The hydrogen charging condition is also a factor. As 
mentioned previously, as the potential becomes more 
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Figure 7 Effect of frequency and environment on FCG rates of 
NiCrMo steel.
Reprinted from Macadre et al. (2011) with permission from Elsevier.
Figure 8 da/dN vs. ΔK at 0.25 Hz, B = 12 mm (B is the thickness of 
the specimen).
Reprinted from Musuva and Radon (1979) with permission from Wiley.
negative, more hydrogen is generated, leading to a more 
aggressive hydrogen condition (Atrens et  al., 1980). Li, 
Wei, Zhang, and Tang (1993) found that for 12Mn-2V-B, the 
acceleration of the FCG rate by hydrogen was obvious and 
increased more at a more negative potential.
In most cases, for medium-strength steels, the FCG 
rate was accelerated by hydrogen. The significance of this 
acceleration could rely on many factors such as loading 
frequency and stress ratio. Generally, at room tempera-
ture, FCG could be accelerated by hydrogen up to two 
orders of magnitude.
7.4  Fatigue fracture features
In the presence of hydrogen, the fatigue fracture surface 
shows special features induced by hydrogen.
7.4.1  Hydrogen-inclusions interaction
As mentioned in the HEDE mechanism, the inclusion-
matrix interface is attractive to hydrogen. The interaction 
between hydrogen and inclusions leads to different frac-
ture features. Han and Feng (1995) found that the crack 
initiation for LCF occurred at the surface of uncharged 
2.5Cr1Mo specimen, whereas for the hydrogen-charged 
specimen, the crack initiated as a microvoid at large 
inclusions including those containing Al and Mn. Han 
and Feng stated that the crack initiation at inclusions was 
because of the reduction in interface cohesive strength of 
the particle, and the acceleration of microvoid initiation 
at the inclusion, because of the high hydrogen concen-
tration at the particle interface due to the high stress con-
centration and the high triaxial hydrostatic stress at the 
inclusion. Tsuchida et al. (2010) also found that fatigue 
cracks in uncharged S10C (low-carbon steel) specimens 
initiated at the surface and propagated into the speci-
men with a mechanism that produced striations on the 
fracture surface, whereas crack initiation after hydrogen 
charging was inside the specimen, resulting in a fish-eye 
mark on the fracture surface. Macadre et al. (2011) found 
fatigue cracks invariably initiated at large long clusters of 
Al2O3 inclusions for all smooth NiCrMo steel specimens, 
no matter uncharged or hydrogen-charged specimens, 
as shown in Figure 9. Fish-eye marks were frequently 
observed for cracks originating from inner defects such 
as single inclusions and small inclusion clusters (Li 
et al., 2008). Murakami, Nomoto, and Ueda (2000) stated 
that hydrogen trapped by nonmetallic inclusions was a 
crucial factor during fatigue and that careful attention 
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should be paid to inclusions when evaluating fatigue 
properties.
7.4.2  Other features induced by hydrogen
The observation of the fatigue features on stainless steels 
showed that with hydrogen charging, (i) discrete and 
localized slip bands were nucleated (Kanezaki et al., 2008; 
Murakami & Matsuoka, 2010; Uyama, Mine, Murakami, 
Nakashima, & Morishige, 2005; Uyama, Nakashima, 
Morishige, Mine, & Murakami, 2006), (ii) the fatigue 
crack was more linear and much thinner than that in the 
uncharged specimens (Kanezaki et  al., 2008; Murakami 
& Matsuoka, 2010), (iii) the area fraction of striation and 
the striation height were reduced (Aoki, Kawamoto, Oda, 
Noguchi, & Higashida, 2005; Kanezaki et al., 2008), and 
(iv) the striation spacing was wider (Aoki et  al., 2005); 
hydrogen accelerated the FCG rate. They (Aoki et  al., 
2005; Kanezaki et al., 2008; Murakami & Matsuoka, 2010; 
Uyama et al., 2005, 2006) stated that these changes were 
due to hydrogen-enhanced slip localization at the fatigue 
crack tip, which led to a decrease in the plastic zone size, 
which is an increasingly localized plastic deformation at 
the fatigue crack tip. These changes in fatigue features 
could be applicable to medium-strength steels.
Furthermore, intergranular fracture could be induced 
by hydrogen. Zima and Kozak (1986) showed that for 
35KhN3MFA steel in medium-strength conditions, a con-
siderable number of intergranular facets were observed. 
Compared with tests in vacuum or in air, the exceptional 
fractographic resolution of the striations was obtained in 
gaseous hydrogen. Zima and Kozak concluded that gaseous 
hydrogen promoted the occurrence of micromechanism of 
striation formation in the low- and medium-strength con-
ditions. Takeda and McMahon (1981) observed two types 
of hydrogen-induced cracking (HIC): plasticity-related 
HIC (PRHIC) and intergranular HIC (IGHIC). They stated 
that PRHIC was strain controlled and intrinsic to steel 
deformed in hydrogen. It could not be avoided except by 
the exclusion of the hydrogen. IGHIC was considered as a 
stress-controlled mode and as the main mode in practice, 
especially in the early stage of cracking. IGHIC was attrib-
uted to impurity segregation at grain boundaries; thus, it 
could be decreased by steel purification and optimization 
of steel composition.
8   Microstructural effects on the 
resistance of steels to HE
For all steels, the yield strength is the critical factor deter-
mining the susceptibility to HE (Floreen, 1985). Steels pos-
sessing high yield strengths, especially for those higher 
than 1500 MPa, have poor resistance to HE. For lower 
yield strengths ( < 1000 MPa), the microstructure becomes 
an influential factor on HE resistance.
Hydrogen trapping in steels can affect and control 
their susceptibility to HE (Park, Koh, Jung, & Kim, 2008; 
Pressouyre, 1979, 1980, 1983; Pressouyre & Bernstein, 
1978, 1981; Valentini & Salina, 1994). Pressouyre (1979) 
summarized potential traps for hydrogen in steels and 
classified those into three kinds: (i) attractive traps such as 
dislocations, crack tip, coherent and semicoherent grain 
boundaries and particles, and so forth; (ii) physical traps 
such as high-angle grain boundaries, voids, and incoher-
ent particle-matrix interfaces (for example, incoherent 
500 µm
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Figure 9 Fracture origins: (A) internal inclusions and (B) surface inclusion.
Reprinted from Macadre et al. (2011) with permission from Elsevier.
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TiC, Fe3C, and MnS) and so on; and (iii) mixed traps, i.e., 
combinations of the previous two types. He stated that 
attractive trapping was more reversible than physical 
trapping. Traps that really matter with the susceptibility 
to HE are reversible traps because irreversible traps func-
tion as sinks for hydrogen, making it hard for the hydro-
gen to jump out. It is believed that the best microstructure 
was to have no reversible traps but with a high, uniform 
density of fine, incoherent particles as irreversible traps 
(Pressouyre, 1979, 1980; Pressouyre & Bernstein, 1981). 
Thermal desorption spectroscopy (TDS) is a good method 
to investigate traps, including reversible and irreversible 
traps, in steels (Frappart et al., 2011; Hagi, 1997; Lee & Lee, 
1986; Nagumo, Nakamura, & Takai, 2001; Pérez Escobar, 
Depover, Duprez, Verbeken, & Verhaege, 2012a; Wang, 
Akiyama, & Tsuzaki, 2005b; Wei, Hara, & Tsuzaki, 2004; 
Yagodzinskyy, Todoshchenko, Papula, & Hänninen, 2011). 
The TDS results would be helpful to improve the resist-
ance to HE for steels.
The research by Park et al. (2008) showed that micro-
structures affected both hydrogen trapping and diffusion 
in steels and consequently influenced the resistance to 
HE. The hydrogen trapping efficiency was increased in the 
order of the degenerated pearlite, bainite (B), and acicular 
ferrite (AF), with AF being the most efficient. B was a more 
sensitive microstructure to HIC than was AF. As the micro-
structure changed from F/AF to F/B, the resistance to HIC 
decreased because the crack propagation was hindered by 
the high toughness of the AF.
Valentini and Salina (1994) stated the hydrogen influ-
ence on the behavior of steels was related to the trapping 
of hydrogen within the microstructure. Their results for 
2.25Cr1Mo steel showed that although each the typical 
microstructure was martensite, because the different traps 
in the microstructure appeared at different temperatures, 
there was a big difference in the susceptibility to HE. The 
water quenched without tempering sample had the worst 
resistance to HE. The one tempered at 690°C presented the 
best resistance to HE. They explained that at this tempera-
ture, (i) there was a minimum number of reversible sites 
due to the dissolution of Mo2C and (ii) there were irrevers-
ible sites due to M7C3 and M23C6 precipitates.
Luppo and Ovejero-Garcia (1991) stated that there 
was a direct relationship between HE susceptibility and 
the microstructure. Among the four microstructures they 
tested – equiaxial F and fine pearlite with some inclu-
sions (normalized), lath martensite (quenched), tem-
pered martensite at low temperature (QTL), and tempered 
martensite at high temperature (QTH, 773 K), the lath 
martensite had the lowest diffusion coefficient, highest 
quantity of desorbed hydrogen, and the worst resistance 
to HE. Meanwhile, QTH had the best resistance to HE, 
showing no loss in ductility and ductile fracture surface.
The investigation by Carneiro, Ratnapuli, and de 
Freitas Cunha Lins (2003) on the microstructure influ-
ence on HIC resistance of API pipeline indicated that the 
refined and homogeneous quenched and tempered B/
martensite microstructures had the best performance with 
respect to HIC.
Even with the help of TDS, the effects of microstruc-
ture on the resistance to HE is still unclear. More work still 
needs to be done. Based on the data presented above, it 
is agreed that the tempered martensite microstructure 
usually is considered as having the best resistance to HE, 
and the untempered martensite the worst. Choosing a 
proper tempering condition for martensite microstructure 
steels is critical to get a good resistance to HE (Luppo & 
Ovejero-Garcia, 1991; Pressouyre, 1979; Valentini & Salina, 
1994).
9  Concluding remarks
There are several aspects that needed to be addressed.
1. Although lots of effort had been put into the 
investigation of the hydrogen influence on steels, 
most of the research focused on high-strength steels, 
stainless steels, and pipeline steels. There are few 
studies focusing on the influence of hydrogen on 
medium-strength steels with a martensitic structure, 
or they were kept secret. Although some martensitic 
steels have already been safely in service for decades, 
it is beneficial to have a deeper understanding of the 
influence of hydrogen on these steels. That is needed 
for a more accurate estimation of the safe life of these 
components in service, and furthermore, to reduce 
damage due to hydrogen to the greatest possibility.
2. A systemized platform. The investigations concerning 
the hydrogen influence are numerous. However, it is 
still hard to estimate how significant the hydrogen 
influence is on an untested material because it is not 
easy to find a similar material that has been tested. 
Therefore, a systemized platform including all known 
information would be useful. The platform including 
all the test results to the present, such as the material 
composition, strength, microstructure, properties 
with and without hydrogen influence, would be very 
useful for estimating the behavior of a material in an 
environment with hydrogen. Thus, less effort would 
be needed to verify the preliminary assessment. 
This would be not only helpful for engineers when 
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choosing proper materials to use but this also good 
for accelerating the emergence of new materials. 
However, there are many difficulties, for example, 
some research studies are not public; test methods 
are not standardized. This is an ambitious proposal, 
requiring numerous human, material, and financial 
resources. It is difficult, but worthwhile.
3. Although some steels have mechanical strengths 
changed by a small amount in the presence of 
hydrogen, some steels exhibit significant loss of 
ductility due to hydrogen and may suffer catastrophic 
fast fracture. Such loss of ductility and propensity 
for fast fracture can have significant implications for 
service of the susceptible steels.
4. It is not clear why there can be significant differences in 
the influence of hydrogen on similar medium-strength 
steels, ranging from significant embrittlement to good 
resistance to hydrogen. This phenomenon merits 
further mechanistic research, particularly promising 
appears to be the study of hydrogen defect interactions 
using TDS (Frappart et al., 2011; Lee & Lee, 1986; Pérez 
Escobar et al., 2012a,b; Pérez Escobar, Duprez, Atrens, 
& Verbeken, 2013; Wei et  al., 2004; Yagodzinskyy 
et al., 2011).
5. Modeling by computer. With the increasing science 
and technology, computer modeling is becoming more 
and more common and useful in the service. However, 
there are only a few models of interaction between 
hydrogen with steels (Fischer, Mori, & Svoboda, 
2013; Legrand, Bouhattate, Feaugas, & Garmestani, 
2012). Therefore, in the future, modeling could be an 
important direction for research.
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a b s t r a c t
Our recent work is reviewed on the inﬂuence of hydrogen on the mechanical properties of four medium-
strength Ni–Cr–Mo steels, studied using the linearly increasing stress test (LIST). Cathodic hydrogen
charging at different negative potentials was used to produce the different hydrogen conditions. All four
steels have good resistance to hydrogen up to the yield stress, especially NiCrMo1. Somewhat lower
ductility occurred due to the presence of alumina oxides inclusions. Their performance in a hydrogen
environment may be improved by reducing the density or the size of inclusions.
& 2014 Elsevier B.V. All rights reserved.
1. Introduction
Since Johnson identiﬁed hydrogen embrittlement in 1874 [1],
there have been many investigations, and many comprehensive
reviews, on the inﬂuence of hydrogen on steels [2–11]. Recently,
Qiu and Atrens [12] reviewed the literature on the inﬂuence of
hydrogen on medium strength steels, typically with tensile
strengths in the range of 600–1000 MPa. Atrens and co-workers
[13–23] showed that the Linearly Increasing Stress Test (LIST) is an
effective method to detect crack initiation and growth under
hydrogen charging conditions.
This paper summarises our recent experimental LIST studies on the
inﬂuence of hydrogen on the medium strength steels: NiCrMo1,
3.5NiCrMoV, 27NiCrMoV15-6 and 34CrNiMo6, which have largely
appeared as conference papers [24–27], with the data from the journal
paper included for completeness. These four steels were quenched and
tempered martensitic steels with medium strength. Table 1 presents
their chemical compositions, and Table 2 includes their mechanical
properties in air. Tables 1 and 2 indicate that (i) NiCrMo1 has the
lowest composition of the alloy elements C and Cr, and also the lowest
tensile strength; (ii) 3.5NiCrMoV and 27NiCrMoV15-6 have similar
compositions except for a slightly difference in Ni; and (iii) 34CrNiMo6
has the highest carbon content and the highest tensile strength.
Steels can be strengthened by hydrogen charging. For example,
Atrens [14] found that, at negative potentials in a sulphate pH
2.1 solution, the values of the ultimate tensile strength (UTS)
for 4140H was higher than in air, although there was little
other inﬂuence of hydrogen even at an applied potential of
1500 mVSHE. This hardening phenomenon has been widely
reported [28–33], and is attributed to hydrogen impeding cross
slip and the movement of dislocations [30–32].
Inclusions are a crucial factor inﬂuencing the performance of
steel in the presence of hydrogen. Han and Feng [34] and Tsuchida
et al. [35] stated that with hydrogen charging, the fatigue crack
initiated at inclusions (containing Al and Mn) inside the specimen
rather than at the specimen surfaces as occurred in air. It would be
presumed that there could similarly be hydrogen cracking initiat-
ing at inclusions in a tensile test, particularly at large inclusions.
Han and Feng [34] attributed (i) the fatigue crack initiation at
inclusions to the reduction in the interface cohesive strength of
the particle, and (ii) the acceleration of microvoid initiation at the
inclusion due to the high hydrogen concentration at the particle
interface, due to the high triaxial hydrostatic stress at the inclu-
sion. This corresponds to the Hydrogen Enhanced Decohesion
(HEDE) mechanism [36–38].
Many factors inﬂuence the performance of steels in a hydrogen
environment, like alloying elements and inclusions. Generally,
these four steels have similar behaviour under hydrogen charging
condition. However, there were some differences. The aim of this
work was to provide a summary and comparison of the behaviour
of these steels in a hydrogen environment, and to elucidate the
factors that inﬂuence their resistance to hydrogen, which is
beneﬁcial for improving the quality of the steels used for the
hydrogen economy.
Contents lists available at ScienceDirect
journal homepage: www.elsevier.com/locate/msea
Materials Science & Engineering A
http://dx.doi.org/10.1016/j.msea.2014.08.056
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2. Experimental procedure
2.1. Material
The materials were the quenched and tempered martensitic
steels: NiCrMo1, 3.5NiCrMoV, 27NiCrMoV15-6 and 34CrNiMo6.
The chemical composition of each steel was presented in Table 1.
In addition, there was less than 0.0005% B for each. Fig. 1 presents
the dimension of the LIST specimens. Each specimen was cleaned
with acetone before the LIST test. Except for the gauge surface, the
specimen surface was covered by Teﬂon, which isolated the
specimen from the solution.
2.2. Hydrogen charging
To control the surface hydrogen activity or fugacity, the speci-
men was the working electrode in a three-electrode cell. A
saturated Ag/AgCl electrode was the reference electrode. A plati-
num electrode was the counter electrode. The electrochemical
potential of the specimen was controlled using a WENKING MP81
potentiostat. The increasingly negative potentials increased the
amount of hydrogen (and the hydrogen fugacity) at the specimen
surface [39], and thereby increased the possibility of hydrogen
having an inﬂuence on the steel. Most tests were carried out in the
0.1 M Na2SO4 pH 2 solution made using reagent grade chemicals
and distilled water made up as follows: 2.33 g H2SO4 and 14.2 g
Na2SO4 was dissolved to make 1000 ml solution. Comparative tests
were carried out in air. The hydrogen charging conditions were as
follows: 950 mVAg/AgCl, 1200 mVAg/AgCl, 1400 mVAg/AgCl,
1550 mVAg/AgCl, and 1700 mVAg/AgCl.
According to Flis et al. [40], the AFM results of the surface of
iron after cathodic polarisation changed from the original blurred
image (due to air-formed oxides) to sharpened groove ridges
(resulted from the partial removal of oxides) to stalagmite-type
cones and pillars after 48 h charging. Based on the hydrogen
permeation results from [40], the appearance of sharpened groove
ridges increased the true surface area, leading to an increase in the
permeation current density. However, with too long term char-
ging, the growth of stalagmite-type cones and pillars retarded the
hydrogen entry, and resulted in a decrease in the permeation
current density. So 24 h pre-charging was carried before each test
at the corresponding potential. It was expected that after pre-charging,
Table 1
Chemical compositions of the steels (wt%) as determined by two independent measurements.
Steel Composition (wt%)
C Mn Cr Ni Mo V Cu Si Al S P Nb or Ti
NiCrMo1 0.09 0.88 0.52 1.04 0.60 0.01 0.06 0.31 0.017 0.01 0.01 o0.01
0.08 0.91 0.48 0.98 0.60 0.01 0.06 0.31 0.018 0.01 0.01 o0.01
3.5NiCrMoV 0.22 0.23 1.67 2.77 0.43 0.09 0.09 0.08 o0.005 0.01 0.01 o0.01
0.21 0.22 1.65 2.75 0.41 0.09 0.09 0.07 o0.005 0.01 0.01 o0.01
27NiCrMoV15-6 0.25 0.24 1.52 3.50 0.40 0.11 0.08 0.08 o0.005 0.01 0.01 o0.01
0.27 0.24 1.55 3.50 0.41 0.12 0.08 0.08 o0.005 0.01 0.01 o0.01
34CrNiMo6 0.38 0.59 1.61 1.5 0.18 0.01 0.18 0.23 0.025 0.01 0.01 o0.01
0.38 0.60 1.63 1.49 0.18 0.01 0.18 0.24 0.026 0.01 0.01 o0.01
Table 2
Data gained from LISTs of the nominated steels in air or in the pH 2 0.1 M Na2SO4 solution at the indicated cathodic potential: yield stress, σy, apparent threshold stress, σth,
fracture stress, σf, and reduction in area, RA%.
Material Specimen Applied stress rate (MPa s1) Environment Applied potential (mVAg/AgCl) σy or σth75 (MPa) σf72 (MPa) RA%
NiCrMo1 1-A.02 0.02 Air 0 620 717 72
1-A.02 0.02 Air 0 631 726 75
1-A.002 0.002 Air 0 646 740 75
1-S950.02 0.02 Solution 950 619 719 73
1-S1200.02 0.02 Solution 1200 624 715 73
1-S1400.02 0.02 Solution 1400 664 759 73
1-S1550.02 0.02 Solution 1550 633 720 70
3.5NiCrMoV 2-A.2 0.2 Air 0 681 796 79
2-A.2 0.2 Air 0 650 770 79
2-A.02 0.02 Air 0 671 793 78
2-S950.02a 0.02 Solution 950 737 840 36
2-S950.02b 0.02 Solution 950 685 788 78
2-S950.002 0.002 Solution 950 693 802 73
2-S1200.02 0.02 Solution 1200 678 784 75
2-S1200.002 0.002 Solution 1200 687 798 72
2-S1400.02 0.02 Solution 1400 685 792 64
2-S1700.02 0.02 Solution 1700 680 774 50
27NiCrMoV15-6 3-A.02 0.02 Air 0 719 836 77
3-A.002 0.002 Air 0 732 836 76
3-S950.02 0.02 Solution 950 714 823 72
3-S1200.02a 0.02 Solution 1200 723 838 58
3-S1200.02b 0.02 Solution 1200 741 857 71
3-S1400.02 0.02 Solution 1400 744 862 69
3-S1700.02 0.02 Solution 1700 757 863 61
34CrNiMo6 4-A.02 0.02 Air 0 783 939 72
4-S1700.02 0.02 Solution 1700 793 943 60
4-S1700.02 0.02 Solution 1700 805 941 62
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most of the oxides were reduced, resulting in a larger true surface
area with sharpened groove ridges. No tests were done in air with
pre-charging.
2.3. LIST
The schematic of a LIST apparatus is shown in Fig. 2 [15]. The
specimen was on one side of the lever beam, while on the other
side there was weight which moved linearly depending on a
synchronous motor. A LIST is identical to a constant extension
rate test (CERT) up to the onset of yielding, or the onset on
subcritical crack growth. The LIST is a stress-controlled version of
the CERT [41].
The applied stress rates used in this research were 0.2 MPa s1,
0.02 MPa s1 and 0.002 MPa s1. The applied engineered stress, σ
(in MPa), on the specimen is given by:
σ ¼ 13720 d
A
ð1Þ
where d (in metre) is the position of the moveable weight from the
zero load condition, and A is the specimen cross section area (in
mm2) of the gauge section. The threshold stress and the fracture
stress have been reported as the applied engineering stress, using
the original specimen cross-section area.
For each LIST in solution, each specimen was exposed to the
solution during the whole experiment. There was a 24 h pre-
charging after the applied stress was increased to about 360 MPa
(about half of the yield stress). Then the stress was increased at the
appropriate stress rate until the specimen fractured. The fracture
stress, σf, was determined from the position of the movable weight
at the end of each test. The reduction of area, RA, of each specimen
Fig. 1. The schematic of a LIST specimen.
Fig. 2. The schematic of a LIST apparatus.
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was evaluated from the original specimen gauge diameter and the
measured minimum diameter after each test.
The direct current potential drop method was used to measure
(i) the apparent threshold stress at which subcritical cracking
appeared to initiate for specimens in the solution, σth, or (ii) the
yield stress for tests in air, σy. A constant current (3 A) was applied
to the specimen. The potential drop across the specimen vs. time
was recorded using a National Instruments 6220 PCI DAQ card. The
potential drop (which is equivalent to the specimen resistance)
increased when the specimen area was signiﬁcantly decreased by
subcritical crack growth, or by the onset of plastic deformation.
2.4. Surface observation
The specimen surfaces and fracture surfaces were observed
using a scanning electron microscope (SEM). The specimen section
containing the fracture surface was removed from the specimen,
cleaned in a 5% EDTA solution for 2 min, dried, mounted on an
aluminium stub and observed using the JSM 6460LA LVSEM.
2.5. Sample designation
The specimen designation can be explained by the following
example: S1400.002a, where the letter “S” identiﬁed a specimen
tested in solution (alternatively “A” identiﬁed a specimen tested in
air), “1400” identiﬁed the 1400 mVAg/AgCl applied potential,
“0.002” identiﬁed the 0.002 MP s1 applied stress rate, and the
last letter identiﬁed specimens tested under the same conditions.
3. Results
3.1. Tensile properties
Fig. 3 shows typical plots of potential drop (mV) vs. engineering
stress (MPa) for the 27NiCrMoV15-6 steel tested at 0.02 MPa s1
in air, and in the 0.1 M Na2SO4 pH 2 solution at two negative
potentials. The turning points were obvious. Similar plots were
obtained for the other steels to determine the yield stress for tests
in air, σy, or the apparent threshold stress, σth, at which subcritical
cracking appeared to initiate with hydrogen charging. The results
in air were reproducible, so it was expected that the results in
solution would behave similarly. Therefore, in most cases, one
experiment was carried out. However, if the result was unex-
pected, the experiment was repeated. It is expected that if the
sample was not inﬂuenced by hydrogen even at the most severe
condition, it would survive at a less negative environment. So the
ﬁrst three materials were tested exhaustively, whereas only the
most severe condition and air were evaluated for 34CrNiMo6.
The tensile properties (σth or σy, the fracture stress, σf, and the
reduction of area, RA%) of the steels are presented in Table 2.
Table 2 indicates that the apparent threshold stress σth and the
fracture stress, σf, at negative applied potentials were comparable,
or somewhat higher, than corresponding values in air. The higher
values indicated that hydrogen had somewhat hardened the tested
steels. Similar results were reported by other researchers [28–33].
The negative inﬂuence of hydrogen on the yield stress and fracture
stress of these three steels was negligible.
NiCrMo1 had high values of RA%, which were all not less than
70% both in air and with hydrogen charging. This indicated that
this steel has good ductility. With hydrogen charging, there was
essentially no change in RA%, even at the most severe hydrogen
charging condition, indicating that this steel has a good resistance
to hydrogen, even during the ﬁnal ductile fracture.
For 3.5NiCrMoV, with negatively increasing applied potential,
the RA% decreased somewhat, but the decrease was relatively small
even at the most severe hydrogen charging condition. This
indicated that this steel experienced some ductility loss but the
ductility loss was not serious. At 950 mVAg/AgCl, there was one
value of RA% that was considerably lower than that of the other
specimen tested at the same condition. The difference was about
50% in the value of RA%. The fracture surfaces of these two
specimens were examined, in order to ﬁnd out the reasons.
For 27NiCrMoV15-6, similar to 3.5NiCrMoV, the RA% decreased
slightly as a function of increasingly negative applied potential. At
1200 mVAg/AgCl, one of the RA% values was lower than the other
one obtained under the same condition. Most probably this was
due to the same reason as that for the 3.5NiCrMoV specimen.
For 34CrNiMo6, the specimens showed good ductility. The RA%
decreased from 72% in air to 60% with hydrogen charging at
1700 mVAg/AgCl the most aggressive condition we tested.
Nevertheless, for the last three steels, the smooth decrease in
RA% revealed that with increasing hydrogen charging, there was
some decrease in ductility. However, even at the most severe
hydrogen condition, the RA% was still signiﬁcant, implying that
these steels have relatively good resistance to hydrogen during the
ﬁnal ductile fracture, but not as well as NiCrMo1.
3.2. Surface appearance
Fig. 4 presents the surface appearance of 3.5NiCrMoV speci-
mens tested under increasingly severe hydrogen charging condi-
tions, revealing that (i) there was necking but no cracks on the
surface of the specimen tested in air; (ii) there was necking and
surface cracks concentrated at the fracture site of the specimens
tested with hydrogen charging; but there were no cracks on the
surface that underwent uniform plastic deformation; (iii) these
cracks were at 451 or vertical to the stress direction; (iv) the
number density of cracks decreased as a function of distance from
the fracture surface; (v) the surfaces of specimens tested at
negative potentials were essentially similar, but the surface cracks
increased in size with increasingly negative potential. There were
similar cracking phenomena on the other three steels.
Statements (i) and (ii) imply that with hydrogen charging, the
surface cracks only appeared after the onset of necking. This
indicates that the appearance of these cracks was due to hydrogen,
and that the inﬂuence of hydrogen was negligible before necking.
Statements (ii) and (iii) reveal that these cracks were due to the
interaction of hydrogen with the localised plastic deformation at
the surface in the necked region of the specimen [24]. The
appearance of these cracks was one of the reasons for the
Fig. 3. A typical plot of potential drop (mV) vs. engineering stress (MPa) for
27NiCrMoV15-6 tested at 0.02 MPa s1 in air and in 0.1 M Na2SO4, pH 2 solution at
two negative potentials.
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reduction in the RA%. Statement (iv) indicates that at more negative
potentials, there was more inﬂuence of hydrogen on the steel.
It can be concluded that for these steels, (i) there was no
hydrogen inﬂuence for stresses up to the yield stress of the
material; and (ii) the inﬂuence of hydrogen was associated with
localised plastic deformation and fracture after the onset of
necking, which led to the surface cracks.
3.3. Fracture surface in air
Fig. 5a presents the fracture surface of the NiCrMo1 specimen
1-A.02c tested in air, showing signiﬁcant ductility by a cup and
cone fracture with secondary cracks up to about 140 mm in size. A
magniﬁed view of the cone part (Fig. 5b) indicated that the
fracture surface comprised mainly dimples due to microvoid
coalescence (MVC) and some short secondary ductile cracks. All
the secondary cracks were surrounded by dimples. The specimen
tested in air failed due to ductile overload.
Similar to that shown in Fig. 5, the typical fracture surface of a
3.5NiCrMoV or 27NiCrMoV15-6 specimen tested in air showed
good ductility and a cup and cone fracture. There were secondary
cracks up to about 120 mm in size and lots of substantial voids on
the fracture surface. These specimens tested in air all failed due to
ductile overload.
Fig. 4. Typical surface appearance of 3.5NiCrMoV specimens tested in air and at negative potentials at 0.02 MPa s1: (a) in air; (b) 950 mVAg/AgCl; (c) 1200 mVAg/AgCl; (d)
1400 mVAg/AgCl; (e) magniﬁed view of (d) in the necked region; and (f) 1700 mVAg/AgCl. The tensile direction was vertical.
Fig. 5. Typical fracture surface appearance of NiCrMo1 specimens tested in air (a) overview showing some secondary cracks on the cone part; (b) magniﬁed view in the cone
part showing mainly ductile microvoid coalescence with some secondary cracks.
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For the steel 34NiCrMo6, the fracture surface in air also showed
a cup and cone fracture, but with big cracks more than 500 mm in
size oriented to the centre and many small cracks, as shown in
Fig. 6. These cracks were surrounded by dimples. This specimen
tested in air failed due to ductile overload.
Even though there were some secondary cracks on the fracture
surface, they were all surrounded by ductile voids. All these four
steels tested in air showed good ductility and failed due to ductile
overload.
3.4. Fracture surface with hydrogen charging
3.4.1. NiCrMo1
Fig. 7a presents the fracture surface obtained at 1400 mVAg/AgCl.
The differences with that in air (Fig. 5) were (i) in the cone part
there were obvious longer cracks, up to 250 mm in size, oriented to
the centre. These cracks were even longer at 1550 mVAg/AgCl, up
to about 600 mm; (ii) there were brittle features at the edge
(Fig. 7b, region B in Fig. 7a), which were associated with surface
cracks in the neck region. These brittle features at the edge were
longer and wider at a more negative potential. Similar phenom-
enon was observed by Martchetti et al. [42].
These observations indicated that for NiCrMo1, the specimens
tested under hydrogen charging condition also failed due to
ductile overload. However, there was evidence of some hydrogen
inﬂuence associated with the ﬁnal ductile fracture, like (i) the
obvious longer cracks at the cone part, and (ii) the brittle fracture
features at the edge of the fracture surface. For the ﬁrst phenom-
enon, it is uncertain that the occurrence of these cracks was due to
hydrogen since there were similar cracks on the fracture surfaces
for specimens tested in air (Fig. 5a). The initiation of these cracks
may be due to inclusions in the steel [43]. Nevertheless, the
growth rate of these cracks was accelerated by hydrogen. For the
second one, the longer and wider brittle features at the edge
reduced the effective area undertaking the load, which would lead
to a lower value of RA%. This indicates an increased hydrogen
inﬂuence on the ﬁnal ductile fracture processes as the charging
condition became more severe.
The above observation and discussion indicated that, for
NiCrMo1: (i) hydrogen accelerated the growth of secondary cracks
on the fracture surface; and (ii) overall, NiCrMo1 steel had
performed well and showed a good resistance to hydrogen, even
in the most severe charging condition.
3.4.2. 3.5NiCrMoV
For this material, in most circumstances with hydrogen char-
ging, the fracture surface was similar to that shown in Fig. 7, a cup
and cone fracture with obvious secondary cracks and brittle
fracture at the edge. The brittle features at the edge associated
with surface cracks in the neck region were longer at a more
negative potential, indicating an increased hydrogen concentra-
tion had an increased inﬂuence on the ﬁnal ductile fracture
processes in the necked region.
Even at the most negative potential, 1700 mVAg/AgCl, as shown
in Fig. 8, the fracture surface was dominated by dimples. However,
there were some maple-leaf fast fracture surfaces (FFS), as presented
in Fig. 8b. These brittle facets were surrounded by ductile microvoid
dimple rupture, revealing that there occurred simultaneously two
fracture processes, during the ﬁnal mechanically-unstable fracture.
During the ductile ﬁnal fracture associated with necking, there were
small regions where the speed of hydrogen induced fast fracture
dominated over the ductile dimple rupture. Nevertheless, these
regions of hydrogen induced fracture were small in extent. The
dominant fracture mechanism was ductile microvoid rupture. There
was a small contribution from brittle hydrogen associated local
fracture events during the ﬁnal predominately-ductile fracture.
In conclusion, for 3.5NiCrMoV there were brittle features on the
fracture surfaces, but these brittle features were all surrounded by
regions of ductile fracture. Even at the most negative potential, the
fracture surface was dominantly ductile. This indicates that theFig. 6. The overview of 34NiCrMo6 specimen tested in air.
Fig. 7. The fracture surface appearance of the NiCrMo1 specimen tested at 1400 mVAg/AgCl (a) overview showing cracks oriented to the centre of the specimen;
(b) magniﬁed view at the edge (region B) showing brittle feature.
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hydrogen contribution to the overall fracture process was small,
and occurred as isolated small regions. The specimens failed due
to ductile overload.
It is understandable that the RA% decreased somewhat with
decreasing potential. At a more negative potential, there were
longer and deeper surface cracks in the necked region, leading to a
smaller effective cross-section area of the specimen. Therefore, the
specimen fractured with a lower amount of necking.
However, there was a substantial difference in RA%, about 50%,
between the two results at 950 mVAg/AgCl (as listed in Table 2).
The detailed examination on both fracture surfaces indicated the
cause. Fig. 9 presents the fracture surface with a lower value of
RA%, revealing that except from the brittle feature at the edge,
there were daisy-like features without inclusions (Fig. 9b) or with
a cluster of small inclusions or a big inclusion (Fig. 9c) in the
centre. The smallest inclusion on the daisy-like features was about
2 mm. The EDS analysis of the inclusion indicated that these
inclusions were mostly Al2O3. There were none of these daisy-
like features on the other specimen with a relative high RA% tested
at 950 mVAg/AgCl. Speciﬁcally, in the presence of alumina oxides
inclusions, the RA% dropped signiﬁcantly under hydrogen charging
condition.
It is concluded that for 3.5NiCrMoV: (i) the appearance of
daisy-like surface corresponded to the specimen with lower value
of RA% tested under the same condition; (ii) the appearance of
daisy-like features was related to a cluster of inclusions or a big
inclusion. The presence of alumina oxides inclusions was a critical
reason for the reduction in RA% under hydrogen charging condi-
tion; (iii) A relationship is expected between the inclusion size and
the appearance of the daisy-like surface. Our observations indicate
that, when the size of the inclusion was larger than 2 mm, daisy-
like surface appeared in the presence of hydrogen.
3.4.3. 27NiCrMoV15-6
For 27NiCrMoV15-6, with increasing hydrogen charging by
applying more negative potentials, the fracture surfaces were
similar to that in air except that those secondary cracks became
longer. Generally, the values of RA% decreased with decreasing
potential. These specimens failed due to ductile overload even
with some brittle fracture features on the fracture surfaces.
However, similar to the 3.5NiCrMoV, there were some excep-
tional low RA% values, as indicated in Table 2.
The observation of the daisy-like surface with inclusions on the
3.5NiCrMoV specimen with a lower RA% led to the expectation
that, for 27NiCrMoV15-6, there would be inclusions and daisy-like
features on the fracture surface of the specimen with a lower value
of RA%. Fig. 10 presents the fracture surface with a higher value of
Fig. 8. The fracture surface appearance of the 3.5NiCrMoV specimen tested at 1700 mVAg/AgCl (a) overview; (b) magniﬁed view in part of region A showing brittle fast
fracture surface.
Fig. 9. The fracture surface appearance of the 3.5NiCrMoV specimen tested at 950 mVAg/AgCl (a) overview; (b) magniﬁed view in region A showing daisy-like feature
without inclusions surrounded by dimples; (c) daisy feature with inclusion in the centre.
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RA%. The detailed view of the fracture surface indicates that this
surface was mainly dominated by dimples with some ﬂat surfaces,
as shown in Fig. 10(b). There were no daisy-like features. Fig. 11
presents the overview of the one with a lower RA%. Fig. 11(a) was
delineated into three regions by different features. Region A was
occupied by dimples. Region B presented some ﬂat surface like
those shown in Fig. 10(b). Region C mainly showed daisy-like
surfaces with or without inclusions in the centre. Fig. 11
(b) presents a magniﬁed view of part of a daisy-like surface with
a cluster of inclusions almost in a line (more than 10 mm) in the
centre. Some of daisy-like surfaces contained a substantial inclu-
sion, more than 10 mm in the longest direction.
There was a big daisy-like surface on the fracture surface
obtained at 1700 mVAg/AgCl. Fig. 12 presents a magniﬁed view
of the daisy-like surface by both secondary electrons and back-
scattered electrons (BE). The chemical information revealed by
examination using BE indicated that all the inclusions had the
same composition. The EDS analysis of these inclusions revealed
that they may be Al2O3.
These observations conﬁrm the above conclusions that the
aluminium oxides inclusions were a critical factor for the appear-
ance of daisy-like features and the considerably lower value of RA%
under hydrogen charging condition.
To conclude, in all cases for 27NiCrMoV15-6, the specimens
failed due to ductile overload even under the most severe charging
condition. The presence of aluminium oxides inclusions led to the
appearance of daisy-like features, and a low value of RA%, indicating
that this kind of inclusions was detrimental to the ductility of this
material in hydrogen.
3.4.4. 34NiCrMo6
Fig. 13(a) presents an overview of the fracture surface of the
specimen tested at the most severe condition 1700 mVAg/AgCl at
a rate of 0.02 MPa s1. There were brittle features at the edge,
similar to that shown in Fig. 7(b). There was a step-like feature
crossing the fracture surface. The detailed view of these steps
shows some ﬂat tongue surfaces surrounded by vast dimples, as
shown in Fig. 13(b).
For 34NiCrMo6, there were no aluminium oxide inclusions. The
specimens showed good ductility, and failed due to ductile over-
load even under the most severe charging condition.
4. Discussion
4.1. Hydrogen charging
The approach adopted in this work was to carry out each LIST
in solution with hydrogen charging at a constant potential. 24 h
pre-charging was performed to ensure that there was hydrogen at
the centre of the specimen. The throughout daisy-like surfaces on
the fracture surface shown in Fig. 9 veriﬁed that enough hydrogen
atoms were at the centre of the specimen to inﬂuence the speci-
men behaviour.
Fig. 10. The fracture surface appearance of the 27NiCrMoV15-6 specimen tested at 1200 mVAg/AgCl (a) overview; (b) magniﬁed view showing ﬂat surfaces.
Fig. 11. Another fracture surface appearance of the 27NiCrMoV15-6 specimen tested at 1200 mVAg/AgCl (with a lower value of RA%) (a) overview; (b) magniﬁed view in
region B showing daisy-like surface with a cluster of inclusions in the centre.
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A conceptually simple approach has been used to determine
the hydrogen activity for any particular hydrogen charging condi-
tion [44]. The relevant expression between the hydrogen fugacity,
f H2 , under hydrogen cathodic charging conditions, and the con-
stant applied potential, Ec [39,45] can be written as follows:
f H2 ¼ A expð
ηF
ζRT
Þ; ð2Þ
where η is the overpotential of the hydrogen evolution reaction equal
to the difference between Ec and the equilibrium potential for the
hydrogen evolution reaction under the given conditions, F is the
Faraday, R the gas constant, T the absolute temperature, and A and ζ
are constants. It is believed that the hydrogen activities on the
surfaces of these steels were about the same as that on the low
interstitial iron [44]. Based on the evaluation in [44], the ζ value for
these steels could be considered similar to that of the low interstitial
iron. However, the evaluation of the A value involves the unknown
parameters hydrogen solubility, SH, and hydrogen diffusion coefﬁ-
cient, DH, and consequently it was unreasonable to apply the A value
from the low interstitial iron directly for these steels, which have
traps. It is expected that, the SH of these steels would be higher than
that of iron, but the DHwould be lower. It is assumed that the A value
was about half of that of low interstitial iron. Based on the results
obtained for the low interstitial iron in the pH 2, 0.1 M Na2SO4
solution, it is expected that the approximate hydrogen fugacity was
about 48 atm, 87 atm, 140 atm, 200 atm, and 286 atm, respectively,
for charging at 950 mVAg/AgCl, 1200 mVAg/AgCl, 1400 mVAg/AgCl,
1550 mVAg/AgCl, and 1700 mVAg/AgCl.
4.2. Mechanistic interpretation
All the tested specimens showed good ductility and failed due to
ductile overload. The inﬂuence of hydrogen on the specimens was
only after the onset of necking based on the observation of surface
appearance and the tensile properties. No matter in air or with
hydrogen charging in solution, there was yielding for each of these
specimens. The potential drop technique measured the onset of
plastic deformation rather than the onset of subcritical crack
growth. This is interpreted as there was no measureable negative
inﬂuence of hydrogen on the yield stress and also no inﬂuence of
hydrogen at stresses up to the yield stress. The inﬂuence of
hydrogen was purely on the ﬁnal fracture process after the onset
of necking caused by the stress reaching the fracture stress, and
because the specimen had become mechanically unstable. On the
other hand, with hydrogen charging, the yield stress and the
fracture stress were slightly increased, interpreted as caused by
strengthening by hydrogen. It is explained that hydrogen impeded
cross slip and the movement of dislocations [30–32].
During the ﬁnal ductile fracture process (necking), there were two
competing fracture mechanisms. The dominant fracture mechanism
was ductile microvoid rupture. In addition, there were some hydrogen
fracture events occurring simultaneously, like the daisy-like features
nucleated by inclusions and extending as allowed. The hydrogen
Fig. 12. The magniﬁed view of the fracture surface of the 27NiCrMoV15-6 specimen tested at 1700 mVAg/AgCl (a) secondary electron view; (b) magniﬁed backscattered
electron view.
Fig. 13. The magniﬁed view of the fracture surface of the 34NiCrMo6 specimen tested at 1700 mVAg/AgCl (a) overview showing obvious long step-like cracks; (b) magniﬁed
view showing some ﬂat tongue surfaces surrounded by dimples.
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related fracture events were local fracture events, contributing not
much during the ﬁnal predominately-ductile fracture.
There were several reasons accounting for the reduction in the
value of RA%: (i) the brittle zone at the edge (ii) the bigger
secondary cracks, and (iii) the appearance of daisy-like features.
These together reduced the effective area undertaking the load,
leading to fracture at a relative big fracture surface under hydro-
gen charging condition.
Especially, the somewhat lower RA% was associated with a cluster
of inclusions or a big inclusion. According to the HEDE mechanism
[36–38], the interfaces between particles and matrix are preferred
locations for hydrogen accumulation. The hydrogen concentration
around the inclusion could be higher than the critical hydrogen
concentration, resulting in decohesion of matrix and inclusion, and
furthermore to result in brittle facets similar to those at the specimen
edge. Therefore, the existence of inclusions was a critical reason for the
signiﬁcant reduction in ductility under hydrogen charging condition.
There might be a relationship of the inclusion size with the appear-
ance of a daisy-like surface. Our observations indicated that an
inclusion or the diameter of a cluster of small inclusions smaller than
2 mm may not lead to a daisy-like feature. This gives an implication
that the reduction in the density of the inclusions or the size of
inclusions might improve the resistance to hydrogen of these materi-
als during the ﬁnal ductile fracture. On the other hand, there were
daisy-like features with aluminium particles only for the 3.5NiCrMoV
and 27NiCrMoV15-6 steels, which were low in Al compared with the
other two steels. This indicates that the source of the inclusions is from
the de-oxygenation by Al during steel making, and that there might be
an improvement with the use of clean steels.
4.3. Inﬂuence of hydrogen
For high-strength steel, the inﬂuence of hydrogen may be
manifested by intergranular surfaces, transgranular fracture sur-
faces, a signiﬁcant decrease in ductility and premature fracture
before yielding. The results and discussion presented above
indicated that these manifestations did not occur for these
medium-strength Ni–Cr–Mo steels.
For these steels, after hydrogen charging, the yield stress and the
fracture stress were slightly increased. These steels were hardened by
hydrogen, possibly interpreted as the impedance of cross slip and the
movement of dislocations [30–32]. Nevertheless, there were some
negative phenomena due to hydrogen, demonstrated by the decrease
of the reduction of area, and the longer secondary cracks, the daisy-
like features and the brittle zone at the edge on the fracture surface.
The existence of daisy-like surfaces depended on the interaction
between hydrogen and particles, whilst the extent of the brittle zone
depended on the H concentration. These were not serious and only
happen during the ﬁnal ductile fracture.
4.4. Implications for service
Based on what has been measured, (i) all these four steels have
good resistance to HE. In a hydrogen environment, if the material
is to be used at a stress below the yield stress, the inﬂuence of
hydrogen is negligible; (ii) alumina oxides inclusions have a
negative inﬂuence on the resistance to hydrogen, especially for
3.5NiCrMoV and 27NiCrMoV15-6 steels. It may be possible that
the resistance to hydrogen can be improved by reducing the
inclusion density as well as size.
5. Conclusions
For NiCrMo1, 3.5NiCrMoV, 27NiCrMoV15-6 and 34NiCrMo6, it
is concluded as follows:
1. All the steels had a good resistance to hydrogen, and failed due
to ductile overload. NiCrMo1 had the best resistance to hydro-
gen during the ﬁnal ductile fracture.
2. There was no hydrogen inﬂuence for stresses up to the yield
stress of these steels. The inﬂuence of hydrogen was associated
with localised plastic deformation and fracture.
3. An inﬂuence of hydrogen did exist but was only during the ﬁnal
ductile fracture and not serious. Direct evidence was the
decrease of the reduction of area, and the longer secondary
cracks, the daisy-like features and the brittle zone at the edge
on the fracture surface.
4. The occurrence of daisy-like surface was associated with
alumina oxides inclusions. Puriﬁcation of these steels might
be able to improve their performance in a hydrogen environ-
ment for the ﬁnal ductile fracture process.
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Abstract 
The influence of hydrogen on low cycle fatigue (LCF) of 3.5NiCrMoV steel electrochemically 
hydrogen charged in the acidified pH 2 0.1 M Na2SO4 solution was studied. In the presence of 
hydrogen, the fatigue life decreased significantly by ~70% to 80% mainly in two ways: i) the crack 
initiation period was decreased; and ii) the crack growth rate was accelerated. The SEM observation 
indicated that in the presence of hydrogen, the fracture surface showed flat trangranular fracture 
with vague striations and some intergranular fracture at lower stresses. The fatigue crack growth 
rate increase with increasing the cyclic stress amplitude and with hydrogen fugacity. Once the 
fatigue crack reached a critical length, the specimen became mechanical unstable and fractured due 
to ductile overload. The hydrogen contribution to the final fracture process was not significant.  
Keywords: Low cycle fatigue; Hydrogen; Medium strength steel; Scanning electron microscopy  
Introduction 
Fatigue occurs when a material is subjected to repeated loading. In the presence of hydrogen, 
the fatigue life is shortened in the region of low cycle fatigue (LCF) [1-7]. Wada et al. [1] found 
that the reduction of fatigue stress at any given fatigue life due to hydrogen for two CrMo steels was 
substantial at high strain amplitudes, and decreased with decreasing strain amplitude, so that there 
was no influence on the fatigue limit. Han et al. [3] found that the fatigue life in the region of LCF 
was significantly reduced by as much as 80% by hydrogen for 2.5Cr1Mo. Macadre et al. [6] found 
a significant reduction ~70 to 80% of the fatigue life for a NiCrMo steel in the presence of 
hydrogen. The crack growth rate was increased by a maximum of 10 times due to hydrogen. 
Michler et al. [8] found that the fatigue crack growth was accelerated by hydrogen based on an 
analysis of the fatigue striations on the fracture surface. 
Normally in air, fatigue cracks propagate forming striations [9]. According to the proposal of 
Laird [10] and Bichler and Pippan [11], the striations are formed by the repeated blunting and re-
sharpening of the crack tip during cyclic loading. Kanezaki et al. [12] stated that the fundamental 
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mechanism of striation formation is not influenced by hydrogen, however, they also indicated that 
striations were hard to form under hydrogen charging conditions, or the striation height decreased, 
due to hydrogen induced localized plastic deformation at the crack tip. Murakami et al. [13] 
observed similar changes in striations, which they attributed to a smaller plastic zone ahead the 
crack tip in the presence of hydrogen, leading to a small crack tip opening even at the maximum 
load. The change in the striations was attributed to the hydrogen enhanced localised plasticity 
(HELP) mechanism [14, 15] in that hydrogen enhanced localized deformation. 
Hydrogen could also change the fracture mode and induce intergranular fracture. Takeda and 
Mcmahon [16] observed two types of hydrogen induced cracking (HIC): plasticity-related HIC 
(PRHIC) and intergranular HIC (IGHIC). They stated that PRHIC was strain-controlled and 
intrinsic to steel deformed in hydrogen, which could not be avoided except by the absence of 
hydrogen; IGHIC, a stress-controlled mode, was the main mode in practice, especially in the early 
stage of cracking. Presumably, impurity segregation at grain boundaries was the main reason for 
IGHIC, implying that IGHIC could be decreased by steel purification and by the optimization of the 
steel composition.   
The above indicates that the influence of hydrogen on fatigue of steels can be significant.  
Our prior study using the linearly increasing stress test [17] indicated that hydrogen influenced 
the ductile fracture of the medium-strength 3.5NiCrMoV steel, but had no influence before yielding 
[18].  
The aims of this research were (i) to investigate the influence of hydrogen on the low cycle 
fatigue of the medium strength 3.5NiCrMoV steel using notched specimens, and (ii) to understand 
fatigue initiation and propagation by an examination of the fracture surfaces using optical 
microscopy and scanning electron microscopy (SEM).  
2. Experimental 
2.1 Material 
The 3.5NiCrMoV steel was a quenched and tempered martensitic steel. Table 1 presents the 
chemical composition. Fig. 1 presents a schematic of the notched specimen. Each specimen was 
cleaned using acetone before the experiment. Teflon was used to cover the specimen except for the 
gauge surface to isolate the specimen from the solution.  
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Table 1 Chemical composition of 3.5NiCrMoV (wt%)  
Steel 
  Composition, wt % 
C Mn Cr Ni Mo V Cu Si Al S P Nb Ti 
3.5NiCrMoV 
0.22  0.23  1.67  2.77  0.43  0.09  0.09 0.08 <0.005 0.01 0.01 <0.01 <0.01 
0.21 0.22 1.65 2.75 0.41 0.09 0.09 0.07 <0.005 0.01 0.01 <0.01 <0.01 
 
Fig. 1 A schematic of the notched specimen. 
2.2 Hydrogen charging  
The hydrogen charging was similar to our previous research [17, 18], by a standard three-
electrode system in solution. The specimen was the working electrode; a saturated Hg/Hg2SO4 
electrode (HgE) was the reference electrode. A platinum net was the counter electrode. The 
electrochemical potential of the specimen was controlled using a Wenking LPG03 potentiostat. The 
two negative applied potentials were -1400 mVHgE and -1950 mVHgE. Increasingly negative 
potentials increased the amount of H (and the H fugacity) at the specimen surface [19], and thereby 
increased the probability that there would be an influence of hydrogen on the steel. One day pre-
charging was conducted at 200 MPa tensile stress on the specimen before each test. The potential 
used during pre-charging corresponded to the potential used during each test.  Comparative tests 
were carried out in air. 
2.3 LCF  
LCF tests were carried out under load control using a Schenck servo-hydraulic fatigue machine 
with a triangular waveform, until specimen failure. The load ratio, R (σmin /σmax), was 0.1. Tests 
were conducted at 1 Hz with the following five nominal applied stress ranges (2σa): 920 MPa, 740 
MPa, 540 MPa, 400 MPa and 340 MPa. One test was carried out at 217 MPa. The stress was 
calculated using the specimen diameter at the notch root without taking into account the stress 
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concentration factor. Eight additional experiments at 540 MPa in air and in solution at -1950 mVHgE 
were carried out to evaluate repeatability.     
The number of fatigue cycles to fracture in air, Nf-A, or  the number of fatigue cycles to fracture 
with hydrogen charging in solution, Nf-H, was obtained directly from the LCF test. The peak 
displacement during each cycle was recorded. The number of fatigue cycles to crack initiation, Ni, 
was measured as the fatigue cycle number at which the maximum displacement per cycle started 
increasing.  
2.4 Surface observation 
After each LCF test, the appearance of each specimen was recorded using a digital camera. The 
maximum crack length, a, and the diameter of the final ductile fracture, were measured with an 
optical microscope. The final maximum stress applied on the specimen, σmax-f, was calculated using 
the approximate final ductile fracture surface area.  
The specimen section containing the fracture surface was removed, cleaned in a 5% EDTA 
solution for 2 minutes, dried, mounted on an aluminium stub, and observed using the JSM 6460LA 
LVSEM.  
2.5 Sample designation 
The specimen designation can be explained by the following example: S2.540b, where the 
letter ‘‘S’’ identified a specimen tested in solution (alternatively ‘‘A’’ identified a specimen tested 
in air); “2” identified a test at -1950 mVHgE (alternatively “1” identified a test at -1400 mVHgE); 
‘‘540’’ identified the applied stress (MPa) range, and the subsequent letter “b” identified a 
specimen tested under the same condition. 
3. Results 
3.1 Cycles to failure 
Fig. 2 shows the S-N curve for the notched specimens tested in air and in solution with the 
indicated potential. The fatigue life with hydrogen charging was clearly lower than that in air. 
Compared with the fatigue life in air, the reduction in fatigue life was about 70 % and 80 %, 
respectively, at -1400 mVHgE and at -1950 mVHgE. When 2σa equalled to 217 MPa, the fatigue life 
was more than 105 cycles. Tables 2 and Table 3 present summary data. The numbers of cycles to 
crack initiation, listed in Table 3, were calculated according to the record of the peak displacement 
during each cycle. At each stress, in the presence of hydrogen, the values of σmax-f were comparable to 
or somewhat higher than that in air. The average value of all the data for σmax-f was 2088 ± 125 MPa.  
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Fig. 2 S-N diagram of notched fatigue specimens tested under different conditions. 
Table 2 Repeated LCF experiments at 540 MPa of notched specimens. 2σa was the nominal applied stress 
range; Nf-A: fatigue life in air; Nf-H: fatigue life with hydrogen charging; Rf %: the reduction of fatigue life 
with hydrogen charging. The Rf % was calculated based on the average value of Nf-A. 
Sample 
2σa, 
MPa 
Environment or 
solution with stated 
applied potential, 
mVHgE 
Number of cycles 
to failure in air, 
Nf-A 
Number of cycles 
to failure with 
hydrogen 
charging, Nf-H 
Rf, % 
A.540a 540 air 15756   
A.540b 540 air 17216   
A.540c 540 air 11726   
A.540d 540 air 11417   
A.540e 540 air 11414   
S2.540a 540 -1950  1790 87% 
S2.540b 540 -1950  2286 83% 
S2.540c 540 -1950  2148 84% 
S2.540d 540 -1950  2221 84% 
S2.540e 540 -1950  2289 83% 
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Table 3 LCF data from notched specimens. 2σa: the nominal applied stress ranges; Ni:  the number of cycles to crack initiation; Nf-A: number of fatigue cycles to 
fracture in air; Nf-H: number of fatigue cycles to fracture with hydrogen charging in solution with the stated applied potential; Rf %: the reduction of fatigue life 
with hydrogen charging, which was calculated based on the corresponded Nf-A at each condition; a: the maximum crack length on the fracture surface; σmax-f : 
the final maximum stress applied on the specimen calculated using the final ductile fracture surface area. The number of fatigue cycles to crack initiation, Ni, 
was measured as the fatigue cycle number at which the maximum displacement per cycle started increasing. 
Sample 
2σa, 
MPa 
Environm
ent or 
applied 
potential, 
mVHgE 
Number of 
cycles to 
fatigue 
initiation, 
Ni 
Number of 
cycles to 
failure in 
air, Nf-A 
Number of 
cycles to 
failure with 
hydrogen 
charging, Nf-H 
Rf, % 
Maximum 
crack length, 
a, mm 
Fatigue crack 
growth rate, 
a / (Nf - Ni), 
µm/cycle 
σmax-f at final 
fracture, 
MPa 
A.920 920 air 958 1568 
  
~ 0.774 ~ 1.3 2102 
S1.920 920 -1400 159  459 71% ~ 0.78 ~ 2.6 2026 
S2.920 920 -1950 72  297 81% ~ 0.808 ~ 3.6 2164 
A.740 740 air 2604 3691   ~ 0.974 ~ 0.9 2140 
S1.740 740 -1400 606  1209 67% ~ 0.932 ~ 1.5 2208 
S2.740 740 -1950 311  675 82% ~ 0.929 ~ 2.6 2205 
A.540e 540 air 9332 11414 
  
~ 1.6 ~ 0.77 1998 
S1.540 540 -1400 3004  4453 61% ~ 1.4 ~ 0.97 2145 
S2.540e 540 -1950 1550  2289 80% ~ 1.37 ~ 1.9 2160 
A.400 400 air 28253 37182 
  
~ 2.197 ~ 0.25 1918 
S1.400 400 -1400 9747  12562 66% ~ 2.234 ~ 0.79 2100 
S2.400 400 -1950 5090  6687 82% ~ 2.138 ~ 1.3 2223 
A.340 340 air 43804 53290   ~ 2.675 ~ 0.28 1824 
S1.340 340 -1400 12294  15841 70% ~ 2.667 ~ 0.75 1916 
S2.340 340 -1950 14903  18160 66% ~ 2.742 ~ 0.84 2190 
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3.2 Fracture surfaces 
Each fracture surface was initially observed visually and with optical microscopy. Fig. 3 
presents the typical visual fracture appearance of the specimens tested at 920 MPa, 540 MPa, and 
340 MPa in air, in solution at -1400 mVHgE and at -1950 mVHgE. These were typical of all the 
specimens tested. For all specimens, the fatigue fracture surface was macroscopically flat and 
consisted of two areas: (i) a bright annular region which corresponded to the region of fatigue crack 
propagation and (ii) a dark central region which corresponded to the final overload fracture when 
the crack had reduced the final ligament to an unstable area under the maximum applied load. The 
maximum crack length in the bright region was measured at each condition, as listed in Table 3. 
The average diameters of the dark central region were 3.4 mm, 3.0 mm, 2.7 mm, 2.4 mm, and 2.2 
mm at 920 MPa 740 MPa, 540 MPa, 400 MPa and 340 MPa, respectively. With decreasing applied 
load, the dark central regions became smaller and deviated increasingly from the centre of the 
fracture surface. Detailed examination of these fracture surfaces was carried out using SEM. 
Fig. 4 presents an overview of the fracture surface of the specimen A.920. The fracture surface 
was delineated into various regions of disparate fractography. The fatigue crack initiated on the 
whole circumference and grew inward, until the remaining ligament was overloaded. There were 
more than five ratchet marks. A ratchet mark was formed when there was coalescence of fatigue 
cracks propagating on two adjacent failure planes. Fig. 5 presents the magnified fractography in the 
region of fatigue crack growth, designated as region A in Fig. 4. Fatigue striations started at about 
10 µm away from the root of the machined notch, as shown in Fig. 5(a). Fig. 5(b) illustrates the 
appearance of typical fatigue striations some distance from the notch root. The fatigue striations 
were oriented parallel to the surface, so that the striations were perpendicular to the fatigue crack 
growth direction. 
The centre part (Region B and C in Fig. 4), that is the dark part as in Fig. 3, was the final 
fracture comprising about 48% of the whole fracture surface. About 80% of the final overload 
fracture surface (region B) presented dimples indicative of ductile fracture as shown in Fig. 6 (a), 
whereas the remaining 20% (region C at the centre of the final fracture region) presented surfaces 
with maple leaves as shown in Fig. 6 (b). The maple leaves were presented by these tear-lines in 
region C, which is a typical surface topography of the fast fracture surface (FFS). A maple leaf 
surface was connected with the big side of another. These ‘‘leaves’’ were at slightly different 
heights, and the tear lines pointed towards the origin of the fast brittle crack.  
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 Fig. 3 Typical fracture surfaces of specimens tested at different stresses (a) in air, (b) at -1400 mVHgE and (c) 
at -1950 mVHgE. In each case, there was a flat shining ‘annulus’ representing fatigue initiation at the root of 
the notch and a dark region towards the specimen centre representing the final overload fracture surface. 
 
Fig. 4 The overview of the fracture surface of specimen A.920 tested in air at 920 MPa, 1 Hz and R = 0.1. 
Region A corresponded to fatigue and region B and C corresponded to the final overload fracture. 
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Fig. 5 Region A on the fracture surface of specimen A.920. (a) Magnification of the initial portion of the 
fatigue crack; and (b) typical appearance of the fatigue crack growth at more than 10 µm from the specimen 
surface. 
 
Fig. 6  Detailed view in the dark region on the fracture surface of specimen A.920. (a) dimple rupture in 
region B in Fig. 4; (b) fast fracture surface in region C in Fig. 4. 
 
Fig. 7 The overview of the fracture surface of specimen S1.920 tested in solution at 920 MPa, 1 Hz and R = 
0.1. Applied potential: -1400 mVHgE. Region A corresponded to fatigue and region B and C corresponded to 
the final overload fracture. 
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Fig. 8 The overview and detailed view in region A on the fracture surface of specimen S1.920.(a) fatigue 
crack initiation region at the edge by quasi-cleavage; (b) the appearance of the fatigue crack showing some 
fatigue striations. 
 
Fig. 9 (a) Overview of the fracture surface of the specimen A.740 tested in air at 740 MPa; (b) fatigue 
initiation by transgranular fracture at the edge and (c) fatigue striations in region A. 
 
Fig. 10 Intergranular and transgranular fracture near the free surface on the fracture surface of specimen 
S1.540. 
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Fig. 7 presents the overview of the fracture surface of the specimen S1.920, which delineated 
three regions of different factography. Fig. 8(a) illustrates the region of crack initiation, which 
consisted of transgranular quasi-cleavage. Subsequently there were vague fatigue striations parallel 
to the surface growing inwards, as shown in Fig. 8 (b). The amount of striations was far less than in 
air. The final fracture surface (region B plus region C) was about 47% of the full fracture surface. 
Region B was mainly dimples, similar to that in Fig. 6 (a); while Region C at the centre of the final 
fracture region, occupying about 7 % of the final fracture surface, showed typical FFS: maple 
leaves, similar to that in Fig. 6 (b).  
The fracture surface of S2.920 was similar to that of S1.920, and is not shown herein. There 
were two different regions on the fracture surface of the specimen S2.920: (i) crack initiation and 
propagation annular region A and (ii) the final fracture region B. Detailed view in region A showed 
transgranular fracture at the edge followed by transgranular fracture interspersed with some vague 
fatigue striations progressing to the centre. Region B in the centre consisted of dimples without 
brittle features, comprising about 49% of the full fracture surface. 
The fracture surface of the specimen A.740 showed two regions, Fig. 9 (a). As shown in Fig. 9 
(b), the magnified view of region A showed some transgranualar fracture (about 10~30 µm) 
initiated from the notch root. Thereafter there were mainly fatigue striations parallel to the surface 
growing inwards (Fig. 9 (c)) until region B was reached, whereupon there was dimple rupture. The 
area of region B was about 36% of the whole fracture surface. For the specimens tested with 
hydrogen charging at this stress range, there were similar overviews and detailed views of the 
fracture surfaces. The differences were (i) some intergranular surfaces near the edge; and (ii) the 
crack growth was by mainly transgranular fracture with some unclear fatigue striations, which were 
not easy to find.  
The detailed observation of the fracture surface obtained at 540 MPa in air was similar to the 
specimen A.740. The dark region slightly deviated from the centre of the fracture surface and was 
much smaller in size than that at 740 MPa, accounting for about 29% of the whole fracture area. For 
specimens with hydrogen charging at 540 MPa, different to the specimen A.540, (i) there was 
intergranular fracture near the notch root, as shown in Fig. 10; and (ii) then the crack propagation 
was by transgranular fracture with some indistinct fatigue striations. Moreover, for the specimen 
S2.540, there were maple-leaf like fracture surfaces (about 30 % of the final fracture surface) 
comprising the dark region (about 25% of the whole fracture surface) on the fracture surface.  
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Fig. 11 The fracture surface of specimen S2.400 tested at -1950 mVHgE, 400 MPa, 1 Hz and R = 0.1. (a) 
overview; (b) transgranular with intergranular fracture in Region A1; (c) a very small cleavage surface of 
region C. 
 
Fig. 12 The fracture surface of specimen S2.340 tested at -1950 mVHgE, 340 MPa, 1 Hz and R = 0.1.(a) 
overview; (b) intergranualar with some transgranular fracture surface in region A1; (c) fast fracture surface 
of region C. 
The fracture surfaces of specimen A.400 and S1.400 were not examined. It was expected that 
these would be similar to those tested at corresponding conditions at 540 MPa, except that the dark 
region was smaller (about 23 % of the whole fracture area) and deviated even more from the centre 
of the fracture surface. Fig. 11 (a) presents the fracture surface of the specimen S2.400, separated 
into three main regions. The detailed view of region A1, Fig. 11 (b), showed intergranular fracture 
and transgranular flat surfaces. Fractography revealed region A2 consisted mainly of flat facets 
interspersed with some unclear fatigue striations parallel to the surface. The final fracture, region B, 
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showed mainly dimples. There was a very small area region C, less than 1 % of the final fracture 
area, showing some brittle facets (Fig. 11(c)).  
 
Fig. 13 Detailed view in region A3 on the fracture surface of specimen S2.340. (a) high magnification view 
of fatigue crack initiation from surface (at the upper part of the figure) by quasi-cleavage; (b) the high 
magnification view of the fatigue crack near the surface contained no evidence of striations; (c) at distance 
greater than about 10 µm from the surface, there were indistinct striations, as delineated by the lines 
superimposed on part of the micro graph. 
The detailed observation of the fracture surface of the specimen A.340 was similar to the 
specimen A.740. Differently, the final fracture surface, about 18% of the whole fracture surface, 
was almost near the notch root on one side of the fracture surface, as shown in Fig. 3. With 
hydrogen charging, the fracture surface was more complicated, as shown in Fig. 12(a) - the fracture 
surface of the specimen S2.340 was delineated into five regions. The crack initiation region A1 
consisted of a mixture of dominant intergranular fracture and flat transgranular fracture, Fig. 12(b); 
the amount of intergranular fracture was higher than that at 400 MPa under the same charging 
condition. Region A2 was mainly flat trangranular surface with some vague fatigue striations. Fig. 
13 presents the detailed views in region A3, showing the fatigue initiation was by quasi-cleavage at 
the edge (Fig. 13(b)). The fracture surface was flat and at a distance greater than 10 µm from the 
surface, there were indistinct fatigue striations, as indicated by Fig. 13(c). The final fracture (region 
B) was about 18% of the whole fracture surface, showing dimples. However, there was a limited 
region C, less than 1 % of the final fracture area, showing some maple-like surface (Fig. 12 (c)).  
(a) 
(c) 
(b) 
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4. Discussion 
4.1 Fatigue lifetime 
The data in Table 2 indicate that the LCF experimental data were repeatable and thus were 
reliable.  
The data in Table 3 showed that the presence of hydrogen caused a significant decrease in 
fatigue life. The decrease was similar at each applied stress range (except for 340 MPa at which the 
decrease may be due to the settled potential was somewhat less negative than -1950 mVHgE). The 
decrease in fatigue life was  67% on average at the smaller applied potential of -1400 mVHgE and 
was larger, about 80%, at the more negative applied potential of -1950 mVHgE.  
These data indicate that the influence of hydrogen on the fatigue behaviour of 3.5NiCrMoV 
steel was considerable, and increased at the more negative potential, which produced a higher 
hydrogen fugacity. This was in contrast to Fassina et al [20] who found a smaller influence of 
hydrogen at higher stress amplitudes attributed to a larger influence of the mechanical damage due 
to the larger mechanical stress and the shorter time for hydrogen diffusion to the crack tip. However, 
it was not the case for the notched specimens in our tests. The main reason for this difference was 
attributed to the stress concentration at the notch root, which would be a preferential site for 
hydrogen accumulation [21-23]. The hydrogen concentration at this location facilitated fatigue 
crack initiation and propagation, leading to a shorter fatigue life. Furthermore, the hydrogen pre-
charging used in our experiments was ensure that there was sufficient hydrogen at the notch root, so 
that it was possible to study the influence of the steady state hydrogen concentration at the notch 
root.  
4.2 Macroscopic appearance 
The macroscopic fracture surfaces produced in the presence of hydrogen were similar at a 
given stress level to those produced in air without the presence of hydrogen. The macroscopic 
observation showed that the fracture surfaces were flat. They contained bright fatigue propagation 
regions of similar size, and similarly the dark final overload fracture region was similar in size with 
or without the presence of hydrogen. This indicates that the fatigue crack grew in each case until the 
crack size caused the specimen to become mechanically unstable (by the combination of the crack 
size and the applied maximum stress in the fatigue cycle). Moreover, this also indicates that there 
was no influence of hydrogen on the condition of mechanical stability that is there was no influence 
of hydrogen on the final fracture, which was verified by the values of σmax-f listed in Table 3. 
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With decreasing applied stress range, (i) the number of ratchet marks decreased; (ii) the final 
fracture became more eccentric, and (iii) the final fracture size decreased. The appearance of ratchet 
marks and the location of the dark zone give an indication of the stress concentration and stress 
level [24]. The centred dark final fracture zone plus more than five ratchet marks, as at 920 MPa, 
indicate multiple cracks originated from the notch root and then grew inward at a relatively high 
stress concentration. In contrast, the eccentric location of the small dark zone and almost no ratchet 
marks, for example, as at 340 MPa, implied the load was small and a low stress concentration.  
4.3 Microscopic fatigue facture morphology in air 
Ratchet marks appeared obviously on the fracture surface tested in air, particularly at the 
highest applied stress range. The appearance of ratchet marks indicates that fatigue cracks initiated 
at multiple origins, like the intensive slip bands point at the notch root.  
Once initiated, the cracks propagated along the high shear stress planes, leading to the 
transgranualar fracture near the notch root. This is well known as the crack propagation stage I [9]. 
Normally, the amount of stage I propagation was about 10-30 µm from the notch root, and became 
vaguer or absent at a high load range on LCF [25]. For our observation, take 920 MPa for example, 
the fatigue striations started at about 10 µm under the notch root. There were unfeatured surfaces 
before striations. That seems to be the stage I.  
As the fatigue crack grew longer, the stress intensity factor increased, leading to the 
development of slip in different planes close to the crack tip, and the crack was in the propagation 
stage II [9]. The presence of clear fatigue striations indicated the beginning of the crack propagation 
stage II [9]. The appearance of fatigue striations implied that the fatigue crack propagation was 
reliant on the cyclic load. The detailed mechanism of striation formation was explained by Bichler 
and Pippan [11]. In air, the 75.8 ° direction has the maximum shear stress under plane strain. The 
slip in this direction leads to crack tip blunting as well as crack growth until saturated at the 
maximum load. In this mode, striations were formed during cyclic load.  
For all the specimens tested in air, the crack initiation and growth mechanism was similar. 
Fatigue cracks grew by the formation of fatigue striations. However, with decreasing applied load, 
the stress concentration at the notch root became lower, leading to fewer crack initiation points.  
4.4 Fracture morphology for hydrogen charging 
In the presence of hydrogen, cracks also initiated at the notch root but were facilitated by the 
hydrogen. This is verified by the number of cycles to crack initiation, Ni, listed in Table 3. Ni was 
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measured as the fatigue cycle number at which the maximum displacement per cycle started 
increasing.  
Once initiated, the fatigue cracks started propagating (in stage I) near the notch root. 
Nevertheless stage I was difficult to discern. In the presence of hydrogen, the fracture surface was 
mainly cleavage-like trangranular fracture with some vague fatigue striations during this 
propagation stage. During crack growth, hydrogen diffused to and concentrated at the region where 
the hydrostatic tensile stress was maximum. The detailed views of transgranular fracture surfaces 
showed that they were more flat than that those on the uncharged specimens. This was attributed to 
the more linear crack growth paths by hydrogen-induced slip localization [12, 13]. Fatigue striations 
were far fewer and less distinct compared with the uncharged specimens. The vague appearance of 
the fatigue striations indicated that the formation of the striations was influenced by hydrogen. 
However, according to the models of Laird [10] and Bichler and Pippan [11], the mechanism of 
striation formation for both hydrogen charged and uncharged specimens was the same, essentially 
by repeated blunting and re-sharpening of the crack tip during cyclic loading. Oda et al. [26] stated 
that regular distinctive striations required alternating slip in every cycle. The striation pattern would 
be unclear if the amount of slip developed on each plane differs significantly. HELP [14, 15] 
facilitates an asymmetrical alternating slip [27]. This provides an explanation for the formation of 
the vague striations during crack propagation in the presence hydrogen. 
There was intergranular fracture at lower applied stress ranges, which started almost at the root 
of the notch. Apparently, compared with fatigue in air, the occurrence of intergranular fracture was 
due to hydrogen. It is explained as follows: (i) Takeda and McMahon [16] stated intergranular 
fracture was stress-controlled, a dominant mode of hydrogen induced cracking, especially in the 
early stage of cracking. They indicated that this mode was due to impurities segregation to grain 
boundaries during steel manufacture. (ii) On the other hand, according to the HEDE mechanism 
[21-23], grain boundaries were attractive to hydrogen, leading to the aggregation of hydrogen at 
grain boundaries. In this case, a lower stress is required for interface decohesion and the occurrence 
of intergranular fracture.  
The area of intergranular fracture increased with decreasing load or at a more negative potential, 
indicating a stronger influence of hydrogen. This was due to the more sufficient time or high 
hydrogen fugacity for hydrogen to achieve critical concentration at an even deeper place under the 
notch root.  
In summary, the presence of hydrogen facilitated crack initiation. During crack propagation, in 
the presence of hydrogen, the main feature was cleavage-like transgranular fracture with some 
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indistinct fatigue striations. The basic striation formation mechanism was not affect by hydrogen. 
However, due to hydrogen-induced slip localization, fatigue striations became unclear and the crack 
path became linear. Meanwhile, hydrogen induced more intergranular fracture at even lower load or 
at a more negative potential charging condition.  
4.5 Effect of hydrogen on the fatigue crack growth rate 
For all the specimens tested, the fatigue crack propagation region was the optically bright area. 
The maximum fatigue crack length before final fracture was obtained by measuring the maximum 
width of the bright region. From the number of cycles to crack initiation, Ni, the average fatigue 
crack growth rate, v (mm/cycle), was evaluated from: 
𝑣 =  𝑀𝑀𝑀𝑀𝑀𝑀𝑀 𝑐𝑐𝑀𝑐𝑐 𝑙𝑙𝑙𝑙𝑙ℎ,   𝑀
𝑁𝑓−𝑁𝑖
                        (2) 
Table 3 presents the values of a, Ni, and v. The incubation period for crack initiation was 
shorter under hydrogen charging conditions, and was shortest at -1950 mVHgE, indicating that 
fatigue crack initiation was more facilitated by a higher hydrogen fugacity. The values of v 
increased with (i) increasing applied stress range for each hydrogen fugacity, and (ii) increasing 
negative applied potential corresponding to increasing hydrogen fugacity. The (ii) indicates that the 
existence of hydrogen accelerated the crack growth rate. The (i) and (ii) implies that there was a 
synergistic increase in fatigue crack growth rates due to the combined influence of hydrogen and 
stress; more specifically stress concentration in the vicinity of the notch.  
4.6 Final overload fracture mechanism in air 
The dark region in the centre of the fracture surface was the final fracture surface. The final 
fracture happened essentially instantly. The final overload fracture may occur by either ductile or 
brittle fracture mechanisms [24]. The fast fracture process was an alternative to ductile fracture by 
microvoid coalescence. These data indicated that fast fracture in air became possible at high values 
of stress (like at 920 MPa). 
In all cases, except at 920 MPa, all the overload zones in air were occupied by dimples due to 
microvoid coalescence (MVC). At 920 MPa, 20% of the final fracture surface showed maple leaves 
at the centre of the final fracture region, indicating FFS, surrounded by dimples. The occurrence of 
FFS is normal since during the final fracture, the crack growth rate can be approximately half the 
speed of sound in the sample [24].  
4.7 Final overload fracture mechanism under hydrogen charging 
For specimens tested with hydrogen charging, detailed SEM views of the dark region showed 
that most of the final overload zone was full of dimples due to MVC except at - 1400 mVHgE at 920 
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MPa and - 1950 mVHgE at 540 MPa. FFS occurred at the last two mentioned conditions, and 
accounted about 7 % and 30 % of the whole final fracture area, fully surrounded by dimples. This is 
consistent with the occasional observation of fast fracture in air, in particular at 920 MPa. Fast 
fracture is an alternative fracture mode to ductile dimple rupture, and occurred occasionally during 
the final overload fracture in the presence of hydrogen. However, the fact that the fast fracture 
surfaces were always surrounded by dimples indicated that the two fracture processes were 
competing, and occurred simultaneously, but nevertheless, ductile fracture was dominant.  
The dominant fracture in the final fracture was due to ductile overload, evidenced by vast 
microviods on the fracture surface. This indicates that the hydrogen contribution to the final fracture 
process was small, and occurred as isolated small regions. 
5. Conclusions 
LCF tests were used to investigate fatigue of 3.5NiCrMoV steel using notched specimens. The 
conclusions are: 
1. The presence of hydrogen reduced the fatigue life significantly for LCF, by about 67% and 
80% correspondingly to the applied potential -1400 mVHgE and  -1950 mVHgE. 
2. The influence of hydrogen was greater at a more negative potential. 
3. The negative influence of hydrogen on the fatigue life was via two aspects: (i) shortening the 
crack initiation period and (ii) accelerating the crack growth rate.  
4. With hydrogen charging, the fatigue crack growth increased with increasing hydrogen 
activity and increasing stress. The influence of hydrogen was evidenced by the appearance of 
vague striations, intergranular fracture surface and flat trangranular fracture surface. 
5. The stress at final fracture was not influenced by the presence of hydrogen. The final fracture 
was mostly due to ductile overload, indicating that the hydrogen contribution to the final 
fracture process was not significant. 
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Abstract 
The influence of hydrogen on the fatigue crack growth of 3.5NiCrMoV was studied. Hydrogen 
was supplied by electrochemical charging in the acidified pH 2 0.1 M Na2SO4 solution. Hydrogen 
accelerated fatigue crack growth rate, but the influence of hydrogen was independent of the applied 
electrochemical potential. The acceleration was significant at the stress ratio R = 0.8, but not at R = 
0.1. The observations of fracture surfaces by SEM indicated that, in the present of hydrogen, the 
fatigue crack propagation could be divided into 3 regions. In the first region, there was 
transgranular fracture with some intergranular fracture at the edge. In the second region 
intergranular fracture became more dominant, leading to a coarser surface. In the third region, the 
∆K and the fatigue crack growth rate were both high. Hydrogen as well as cyclic stress influenced 
the fatigue crack growth.   
Keywords: Fatigue crack growth, steel, hydrogen, SEM  
1. Introduction 
The influence of hydrogen on FCG rate is significant [1-20]. Murakami et al. [1] stated that the 
hydrogen influence depended on the FCG rate and the frequency; they were mutually coupled. 
When the FCG rate was lower than 10-7 m/cycle, there was enough time for hydrogen to diffuse to 
the crack tip, and the FCG rate was accelerated by hydrogen, up to a maximum of ~30 times. The 
crack propagation route was linear, attributed to the fact that hydrogen caused localization of the 
slip band and decreased the plastic zone size at the crack tip. When the FCG rate was higher than 
10-7 m/cycle, the crack propagated faster than hydrogen diffusion to the crack tip, leading to only a 
minor influence of hydrogen, so that the da/dN of hydrogen charged specimens gradually merged to 
that of uncharged specimens at higher FCG rates at higher values of ∆K. As a result, the fatigue 
crack propagation became inclined. 
Shih et al. [6] found that the FCG rate for a hydrogen charged NiMoV rotor steel was greater 
than in air when the crack growth rate exceeded 2.5 × 10-5 mm/cycle. Moreover, at the same ∆K, 
the crack growth rate increased with increasing stress ratio for R > 0. The higher FCG rate at higher 
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R could be due to the higher value of Kmax, which leads to a steeper stress gradient to accelerate 
hydrogen diffusion to the crack tip [21].  
The results we obtained from the low cycle fatigue test using notched specimens of 
3.5NiCrMoV showed that the influence of hydrogen was to shorten the crack initiation period and 
to accelerate the crack growth rate. The effect was more significant at a more negative potential.   
The research aims were (i) to understand the influence of hydrogen on the fatigue crack growth 
of this steel, and (ii) to understand the fatigue propagation mechanism by an examination of the 
fracture surfaces using optical microscopy and scanning electron microscopy (SEM).   
 
Fig. 1 The schematic of CT specimen for fatigue crack growth measurements. 
2. Experimental 
2.1 Material 
Compact tension (CT) specimens, as illustrated in Fig. 1, were used to study FCG. The 
3.5NiCrMoV steel is a quenched and tempered martensitic steel. The composition is as presented in 
[22]. Each specimen was cleaned with acetone before each experiment. Except for the gauge 
surface, the specimen was covered by Teflon, which isolated the specimen from the solution to 
restrict the hydrogen charged area to the crack vicinity.  
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2.2 Hydrogen charging 
Electrolytic hydrogen charging used a traditional three-electrode cell. The specimen was the 
working electrode. A saturated Hg/Hg2SO4 electrode (HgE) and a platinum net were the reference 
electrode and the counter electrode, respectively. The electrochemical potential of the specimen was 
controlled using a Wenking HP96 potentiostat. The solution was the same as used previously [22]. 
Tests were carried out at negative applied potentials: -1400 mVHgE and -1950 mVHgE. The amount 
of H (and the H fugacity) at the specimen surface increased with increasingly negative potential 
[23]. For this charging method, corrosion could happen during the tests. Consequently, the 
corrosion products could lead to oxide-induced crack closure. In contrast, there would be no 
corrosion on the crack surface in a dry hydrogen gas environment. Compared with gas charging, 
electrochemical charging method is easier and safer to operate. Due to the limitation of equipment, 
no experiments were carried out in a hydrogen gas charging condition. 
2.3 FCG tests 
FCG tests were performed using 10 mm thick CT specimens on a computer controlled servo-
hydraulic testing machine (100 kN) using a constant, sinusoidal load amplitude. The crack length 
was monitored during each test using a direct current potential drop technique. A constant DC 
current of 10 A was applied by means of a bipolar current generator. An optical microscope was 
used after the test to measure the pre-crack length, and the final crack length on the fracture surface. 
All the investigated specimens were pre-cracked in air, according to ASTM E647-08. The length of 
the pre-crack, a (as shown in Fig. 1), was measured on both front surface and back surfaces by an 
optical microscope to ensure it was no more than 20 mm. The loading frequency for FCG tests was 
1 Hz, and the stress ratio, RFCG (minimum load divided by maximum load) was maintained at 0.1 or 
0.8 throughout the test. The test was started with ΔK at about 12 MPa√m, decrease to about 7 
MPa√m, and then increased until the end of the test. After the test, the specimen was broken open 
after heat tinting at 420 °C for three hours and furnace cooled. The specimens were heat tinting in 
order to calculate the fatigue crack length. One test was carried out at 1 Hz and 30 Hz alternatively 
under R equal to 0.1.  
In the range of ∆K tested, the fatigue crack growth rate, 𝑑𝑑
𝑑𝑑
, could be expressed by the Paris 
Law [24]: 
𝒅𝒅
𝒅𝒅
= 𝑪(∆𝑲)𝒎,                                                                                                             (1) 
where a is the crack length, N the number of cycles, ΔK is the cyclic stress intensity factor range, 
and C and m are constants. The measured FCG data could be fitted to Eq. (1).  
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2.4 Surface observation 
The appearance of each specimen was examined visually and recorded using a digital camera 
after each test. The fracture surfaces were observed in more detail using scanning electron 
microscopy (SEM). The specimen was cleaned in a 5% EDTA solution for 2 minutes, dried, 
mounted on an aluminium stub, and observed using the JSM 6460LA LVSEM. The FCG direction 
in all the SEM photo was from left to right. 
3. Results 
3.1 Fatigue crack growth behaviour 
Fig. 2 presents the relationship of da/dN versus ∆K for specimens tested in air and in solution 
with hydrogen charging at 1 Hz with R = 0.1. The fatigue crack growth with hydrogen charging 
showed a large scatter but was similar to that in air. In the presence of hydrogen, the values of 
da/dN at the same ∆K were slightly higher than those in air.  
At R = 0.1, one specimen (FCG10) was tested with hydrogen charging at 1 Hz and 30 Hz 
alternatively. The results are presented in Fig. 3. When ∆K was lower than 40 MPa √m, the FCG 
rate at 1 Hz was higher than at 30 Hz; whereas for ∆K higher than 40 MPa √m, the FCG rate at 1 Hz 
was lower than at 30 Hz.  
Fig. 4 presents the relationship of da/dN versus ∆K for specimens tested in air and in solution 
with hydrogen charging at 1 Hz, and R = 0.8. Since the results obtained at R = 0.1 were similar, 
only the result in air at R = 0.1 were plotted in Fig. 4 to allow an evaluation of the influence of the 
stress ratio. The comparison of FCG results in air at different stress ratio showed that the FCG rates 
at R = 0.8 were slightly higher than that at R = 0.1. When R = 0.8, with hydrogen charging, the 
values of da/dN were higher than that in air at the same ∆K, especially when the ∆K was higher than 
15 MPa √m. In the range of 15 MPa √m and 20 MPa √m, the FCG rate with hydrogen charging was 
about 4 times higher than that in air. At higher ∆K, the increase in FCG rate due to hydrogen 
decreased slightly, for example, in the presence of hydrogen, the FCG rate was about 2.6 times that 
in air at about 25 MPa √m. Fig. 4 also shows that the influence of hydrogen was similar at the two 
charging potentials.  
All the FCG results were fitted to Eq. (1). The calculated values of the constants C and m are 
list in Table 1.  
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Fig. 2 da/dN-∆K curve of the specimens tested under various conditions with R = 0.1. 
 
Fig. 3 da/dN-∆K curve of FCG10 tested at R = 0.1 with changing frequency 1 Hz and 30 Hz. 
 
Fig. 4 da/dN-∆K curve of the specimens tested under various conditions at f = 1 Hz. 
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Table 1 Parameters obtained for FCG experiments.  
Sample-ID 
Applied potential, 
mVHgE 
Stress 
ratio 
Frequency, 
Hz 
C m 
FCG4 air 0.8 1 2.69E-11 2.62 
FCG5 -1400 0.8 1 1.57E-11 3.19 
FCG7 -1950 0.8 1 2.20E-11 3.07 
FCG8 air 0.1 1 3.54E-11 2.46 
FCG6 -1400 0.1 1 1.27E-10 2.15 
FCG9 -1950 0.1 1 6.10E-12 3.03 
 
3.2 Optical observation  
Orange corrosion products were observed visually on the surfaces during tests in solution at R 
= 0.1.  
 
Fig. 5 The fracture surfaces of the CT specimens: (a) R = 0.1; (b) R = 0.8. Region A: precracking; region B: 
crack propagation during test; region C: deliberate final facture in air.FCG8 and FCG4 were tested in air; 
FCG 6 and FCG5 were at -1400 mVHgE; FCG9 and FCG7 were at -1950 mVHgE. 
Fig. 5 presents the fracture surfaces of specimens tested at R = 0.1 (Fig. 5a) and 0.8 (Fig. 5b) 
for specimens tested in air and in solution at -1400 mVHgE and -1950 mVHgE. Fig. 5a indicates that 
the fracture surfaces tested at R = 0.1 were similar. The one tested in air was brown in colour and it 
was quite easy to measure the length of the precrack and the final crack. The other two tested with 
hydrogen charging also showed some orange corrosion products in the precracking region. The 
fracture surfaces were not clear, and it was difficult to determine the accurate length of the precrack 
(a) (b) 
FCG8 FCG6 FCG9 FCG4 FCG5 FCG7 
A 
B 
C 
(a) (b) 
10 mm 10 mm 
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and the final crack. Similarly, for the specimen tested at R = 0.8 in air, the surface appeared brown. 
With hydrogen charging, the surfaces appeared to be grey without corrosion products.  
 
 
Fig. 6 The side views of the CT specimens: (a) R = 0.1; (b) R = 0.8. The fatigue crack was on the right hand 
side of the specimen in each case. FCG8 and FCG4 were fatigued in air; FCG6, FCG5, FCG9 and FCG7 
were fatigue under hydrogen charging condition. The region between the two dash lines was the fatigue 
crack propagation part during test.  
Fig.6 presents the side view of those specimens to show the fatigue crack growth direction 
during test. At both stress ratio conditions, the specimens tested in air (FCG8 and FCG4) showed 
that the crack growth path was slightly inclined to one side. With hydrogen charging, the crack 
grew more linearly, as shown, by FCG6, FCG5, FCG9 and FCG7.   
3.3 SEM observation of the fracture surfaces  
As indicated in section 3.1, the influence of hydrogen on the fatigue crack growth behaviour 
was more obvious at R = 0.8. Therefore, only these fracture surfaces were examined using SEM.  
Fig. 7 shows the overview of the fracture surface of FCG 4 tested in air R = 0.8, f = 1 Hz. 
Region A was the pre-crack before the fatigue test. Region B was the surface produced during the 
fatigue crack growth test. The magnification of region B in Fig. 7(b) showed steps with width about 
200 µm, which started just after the precrack. These steps were more obvious after 1 mm away from 
the end of the precrack. An even more magnified view of the step showed a rough unclear surface, 
probably covered with an oxide layer since visually this part was red-brown in colour. Fig.7(c) 
presents clear fatigue striations normal to the FCG direction on the fresh surface, produced by the final 
procedure to break the specimen in air. 
Fig. 8 presents the overview of the fracture surface of FCG 5 tested at -1400 mVHgE, R = 0.8, f 
= 1 Hz. The fracture surface was much clearer compared with that in air. Region A was the pre-
crack region. Region B1 was about 1 mm in width between the pre-crack and the relatively rough 
region B2, which was followed by obvious steps (region B3). The main feature near the edge of 
region B1, shown in Fig. 9(a), was the corroded surface. The magnified view, Fig. 9(b), of the 
surface showed a porous surface, like the surface after selective etching. Fig. 10 presents the main 
(a) 
(b) 
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feature in the centre part of region B1, showing unfeatured transgranular fracture. The detailed view 
in region B2, as shown in Fig. 11, presents some intergranular fracture surface interspersed with 
transgranular fracture. Fig. 12 shows the steps with a width about 200 µm in Region B3. There were 
some indistinct markings, probably fatigue striations, normal to the crack growth direction on these 
steps. 
The overview of the fracture surface of FCG 7 tested at -1950 mVHgE, R = 0.8, f = 1 Hz was 
defined similar to that shown in Fig. 8. Fig. 13 presents the relatively flat Region B1 (about 1 mm), 
showing some intergranular fracture with markings, probably fatigue striations, normal to the crack 
growth direction. The detailed view of region B2 (Fig. 14) presents transgranular fracture with more 
intergranular fracture. Fig. 15 presents the magnified view of steps in region B3, showing some 
markings, probably fatigue striations on the step. Moreover, there were flat quasi cleavage surfaces 
at the edge in region B3, as shown in Fig. 16.  
 
 
Fig.7 (a) Overview of the fracture surface of FCG4 tested in air, R = 0.8, f = 1 Hz; (b) Magnification view of 
the fatigue crack growth by striations; (c) the magnification view of the fresh surface produced by the final 
procedure to break the specimen in air, which involved fatigue creating in air. The fatigue mechanism should 
be the same in the part of the specimen as in the part illustrated in (a) and (b). 
 
B 
A  
(a) (b) 
FCG direction 
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 Fig. 8 FCG5 tested at -1400 mVHgE, R = 0.8, f = 1 Hz. Region A: the precrack in air before test; Region B1, 
B2 and B3:  crack growth during experiment. 
 
Fig. 9 Region B1 of FCG5 tested at -1400 mVHgE, R = 0.8, f = 1 Hz; (a) the feature near edge; (b) the 
magnification of the rough surface. 
 
Fig. 10 Magnified view of relatively flat surface in the centre part of region B1. 
 
A B1 B2 
 
B3 
 
(a) (b) 
FCG direction 
FCG direction 
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 Fig. 11 Region B2 of FCG5 tested at -1400 mVHgE, R = 0.8, f = 1 Hz, showing some intergranular fracture 
surface interpreted with transgranular fracture. 
 
Fig. 12 Region B3 of FCG5 tested at -1400 mVHgE, R = 0.8, f = 1 Hz, showing step feature with indistinct 
markings, probably striations, on the steps. 
 
Fig. 13 Region B1 of FCG7 tested at -1950 mVHgE, R = 0.8, f = 1 Hz. (a) some intergranular fracture surface 
with indistinct markings, probably striations; (b) the magnified view of the markings. 
 
(a) (b) 
FCG direction 
FCG direction 
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Fig. 14 Intergranular fracture surface in Region B2 of FCG7 tested at -1950 mVHgE, R = 0.8, f = 1 Hz 
 
Fig.15 Region B3 of FCG7 tested at -1950 mVHgE, R = 0.8, f = 1 Hz. (a) indistinct markings, probably 
striations were observed on the 200 µm step; (b) the magnified view of the markings. 
 
Fig.16 The observation near the edge of Region B3 of FCG7 tested at -1950 mVHgE, R = 0.8, f = 1 Hz 
 
(a) (b) 
FCG direction 
FCG direction 
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4. Discussion 
4.1 The influence of hydrogen on the FCG rate 
Fig. 2 indicates that the increase in the FCG rate due to hydrogen was small at R = 0.1. This 
could be due to the appearance of corrosion products on the fracture surfaces during the test. These 
corrosion products could cause an oxide-induced crack closure [25] effect, so that the acceleration 
of crack growth by hydrogen could not be measured experimentally. This might be a reason for the 
scatter in the data in Fig. 2. Moreover, it was not easy to measure the crack lengths on the final 
fracture surface, as shown in Fig. 5. 
In contrast, Fig. 4, showed that at R = 0.8, there was acceleration of the FCG rate by hydrogen, 
but the acceleration was similar at the two different charging potentials. For ∆K <12 MPa√m, the 
data showed much scatter. This could be attributed to the crack closure effect, leading to inaccurate 
PD measurement of crack length.  
At the same ∆K level, crack growth rate was slightly higher at R = 0.8 compared with R = 0.1, 
indicating that FCG could be increased by increasing the stress ratio (R > 0). This agrees with the 
results obtained by [6].  
In conclusion, the FCG rate would be accelerated under hydrogen charging condition. This 
trend could be more significant at a higher R value (R>0).  
4.2 The influence of frequency on FCG rate 
The results presented in Fig. 3 could be explained as follows. When ∆K was lower than 40 MPa 
√m, the FCG rate was less than about 4 ×10-7 m/cycle. In this case, a lower frequency means a 
longer time for hydrogen to diffuse to the crack tip, leading to a higher crack growth rate at 1 Hz 
than at 30 Hz. When ∆K was higher than 40 MPa √m, the FCG rate was too fast for hydrogen 
diffusing to the crack tip no matter at 1 Hz or at 30 Hz. In this case, the mechanical unstable 
become the dominant factor for the FCG rate, leading to a higher crack growth rate at 30 Hz instead 
of 1 Hz. 
4.3 Fatigue crack growth in air  
For the specimens tested in air, the fatigue crack growth region showed steps; each was about 
200 µm in width. The occurrence of these steps was attributed to the inclined crack growth path, 
due to the large plastic zone size. Due to the oxide layer produced during furnace tinting, the 
magnified view of a typical step (Fig. 7 (b)) was unclear, and hard to discover fatigue striations.  
The clear fatigue striations on the fresh surface presented in Fig. 7 (c) indicate that the fatigue crack 
propagation in air depended on the cyclic stress. This agrees with our prior observation on the 
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specimens (both smooth specimens and notched specimens) tested in air, presenting many fatigue 
striations normal to the FCG direction on the fracture surface in air. However, it was not possible to 
relate fatigue striation spacing to crack growth rate as explained above in the region of the specimen 
from which the crack growth data was obtained.  
4.4 Fatigue crack growth in the presence of hydrogen 
The fracture surfaces with hydrogen charging were clearer and sharper than those produced in 
air. The main reason was that there was an oxidation layer on the fracture surface in air since the 
fracture surface was exposed to oxygen and water vapour. Under hydrogen charging condition, the 
specimen was at a negative potential, which would protect the specimen from corrosion.   
The side view of specimens as shown in Fig. 6 indicated that the fatigue crack in the hydrogen–
charged specimen propagated straighter than that tested in air both at R = 0.1 and R = 0.8. 
Murakami and Matsuoka [1] made similar observations. This is attributed to the localised slip bands 
in the vicinity of the crack tip and the decrease in plastic zone size due to hydrogen [1].  The linear 
crack path was also verified by the observations of the steps started to appear until the late period of 
the hydrogen charging test.  
The detailed views of the fracture surfaces in all cases with hydrogen charging indicated that 
the appearance of fatigue crack growth surface could be divided into three regions: (i) flat surface 
(region B1) followed by (ii) a relatively rough surface (region B2) and then (iii) steps (region B3) 
with a width of about 200 µm similar to the surfaces in air.  
The Region B1 just after the pre-crack was relatively flat from a macroscopic view. The main 
feature in this region was hydrogen assisted trangranular fracture. There were several intergranular 
surfaces at the edge where the hydrogen concentration was larger than that in the centre part of the 
specimen.  
Region B2 was obvious coarser than region B1. There was trangranualar fracture, and 
intergranular fracture became apparent even at the centre of the specimen and increased at the more 
the negative potential. The intergranular facture was attributed to hydrogen according to the HEDE 
[26-28] mechanism. The occurrence of intergranular fracture is presumed to need the hydrogen 
concentration to reach to a critical concentration. That is, the fatigue crack growth rate should be 
low enough to allow hydrogen to diffuse to and aggregate at the crack tip. Region B2 started at 
about 1 mm away from the pre-crack. The value of ∆K was about 8.4 MPa√m and the value of 
da/dN was about 1.4×10-8 m/cycle according to Fig. 4. Therefore, in the presence of hydrogen, 
intergranular fracture appeared when the fatigue crack growth rate was less than 1.4×10-8 m/cycle. 
Approximately, the intergranular fracture began to disappear when the value of da/dN was about 
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1.6×10-8 m/cycle (∆K ≈7.2 MPa√m) at -1400 mVHgE, while was about 3.4×10-8 m/cycle (∆K ≈ 11 
MPa√m) at -1950 mVHgE.  
When the crack growth rate increased sufficiently, there would not be enough time for 
hydrogen to diffuse to and to concentrate at the crack tip. The influence of hydrogen decreased 
gradually, whereas the cyclic stress tended to be more influential on FCG. Therefore, the crack path 
tended to incline, resulting in the appearance of steps during the final part of the test under 
hydrogen charging conditions. Compared with that in air, these steps appeared later during the test 
and less under hydrogen charging condition. There were some indistinct markings which could be 
striations, as shown in Fig. 12, Fig. 13 and Fig. 15. However, the calculated FCG rate based on the 
figures was higher than the measured da/dN. For example, the FCG rate calculated based on Fig. 
15(b) was 7 ×10-7 m/cycle, whereas at around that point, the data obtained from the FCG test was 
1.2×10-7 m/cycle. The large difference in the two FCG rates indicates that these indistinct markings 
may not be striations. In region B3, there was normal transgranular fracture on the steps.  
5. Conclusions  
1. FCG rate was increased by increasing the stress ratio (R > 0) for this steel even without 
hydrogen charging. 
2. Hydrogen accelerated the fatigue crack growth rate, and led to linear crack propagation. 
3. The influence of hydrogen on the fatigue crack growth was independent of the potential, and 
was not obvious at the lower stress ratio. 
4. At low ∆K range, intergranular fracture appeared in the presence of hydrogen. Hydrogen was 
the main factor influencing the crack propagation. At a high ∆K range, that both hydrogen 
and cyclic stress influenced the fatigue crack growth.  
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Chapter 6 
 
Determination of the hydrogen fugacity during electrolytic charging 
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B. PotentiostaticThis work studied the determination of the hydrogen fugacity during electrolytic charging. With a virgin
surface, there were irregular permeation transients, attributed to irreproducible surface conditions.
Cathodic pre-charging conditioned the entry side to a stable state. Permeability transients were used
to measure the critical parameters in the thermodynamic relationship between hydrogen activity and
electrochemical potential. At the same overpotential, the hydrogen fugacity in the pH 12.6 0.1 M NaOH
solution was higher than that in the pH 2 0.1 M Na2SO4 solution, attributed to differences in (i) the hydro-
gen evolution reaction, (ii) the surface state, and (iii) the true surface area.
 2014 Elsevier Ltd. All rights reserved.1. Introduction of hydrogen charging inﬂuences its subsequent desorption, and is1.1. Importance
Hydrogen has caused catastrophic failures in service, and there
are many studies into the inﬂuence of hydrogen on the mechanical
properties of steels [1–64]. Many of these studies would be more
relevant if the hydrogen charging conditions were better deﬁned.
It has even been demonstrated for different kinds of steels that
under speciﬁc conditions, electrolytic hydrogen charging can dam-
age the sample during charging. These conditions depend on (i) the
chemical composition of the steel, (ii) its microstructure, (iii) the
electrolyte and (iv) the sample preparation [65,66]. This damage
minimizes the relevance of subsequent tests on the hydrogen inﬂu-
ence of the mechanical properties of these steels.
Two methods have been used to simulate the hydrogen in steels
which are used in hydrogen environments: (i) electrochemical
charging typically at room temperature [35,67–73] and (ii) gas
phase hydrogen charging, typically at elevated temperatures
[63,74]. Electrochemical charging at room temperature causes dif-
ferent traps to become active compared with gaseous hydrogen
charging at elevated temperature [75]. Furthermore, the manneran important factor to consider during thermal desorption spec-
troscopy measurements [76,77].
In many studies, however, no attempt has been made to esti-
mate the hydrogen activity.
Nevertheless, there is a conceptually simple approach by which
to determine the hydrogen activity for any particular hydrogen
charging condition, by the combined use of thermodynamics
[78–81] and the use of permeability experiments [78,82–92]. The
aim of the present research was to evaluate this approach to deﬁne
the hydrogen charging condition during the electrolytic charging of
steels.1.2. Conceptual approach
By deﬁnition, electrolytic charging conditions are equivalent to
gaseous charging at room temperature if both charging methods
produce the same activity of hydrogen dissolved in the steel inside
the surface of the steel during charging. The establishment of
equivalence between gaseous charging and electrolytic hydrogen
charging at a constant potential and at the same temperature,
was considered by Atrens et al. [78] based on [79–81], and the
treatment herein follows that described therein. What is needed
is a methodology by which to determine the hydrogen activity
(or pressure) during gaseous hydrogen charging that is equivalent
to the hydrogen activity during the electrolytic charging. This work
Nomenclature
fH2 hydrogen fugacity. The units are the same as those of
pressure. The hydrogen fugacity is expressed herein in
the units of atm
A constant in the equation relating hydrogen fugacity to
overpotential, with units of atm
F Faraday
R gas constant
T absolute temperature
g overpotential of the hydrogen evolution reaction
f constant in the equation relating hydrogen fugacity to
overpotential
E0H equilibrium potential at the steel surface in the charging
solution of the hydrogen evolution reaction at unit
fugacity (i.e. at one atmosphere pressure)
Ec applied potential
pH acidity of the charging solution
pH 2 this solution had a pH value equal to 2.0
CH hydrogen concentration dissolved in the steel in
equilibrium inside the steel sample
S Sievert’s solubility constant
PH2 hydrogen pressure
i1 steady-state permeation current density at the exit side
for a given negative potential at the entry side
L specimen thickness
D, DH hydrogen diffusion coefﬁcient in the steel
f eH2 fugacity during electrolytic charging
MHads a hydrogen atom adsorbed on the metal surface
MHabs a hydrogen atom absorbed on the metal surface
kx, k
0
x forward and backward reaction rate constants in
reactions (A), (B), and (C)
h proportion of surface sites occupied by MHads species
hR surface hydrogen coverage at 1 atm pressure
t time
CHþ concentration of hydrogen ions in solution
aa charge transfer coefﬁcient of reaction (A)
ac charge transfer coefﬁcient of reaction (C)
V electrode potential
pH2 partial pressure of hydrogen
VR,a electrode potential constant for reaction (A) (deﬁned in
Eq. (23))
hlin surface hydrogen coverage in region of linear relation
between current density and overpotential
VR,c electrode potential constant for reaction (C) (deﬁned in
Eqs. (34) and (35))
g overpotential at inﬂection point between different Tafel
slopes due to different reaction mechanisms for the
hydrogen evolution reaction
Kp pre-exponential constant in relationship between
fugacity and overpotential for overpotentials greater
than g
it measured hydrogen permeation current density at time
t
i0 initial steady-state hydrogen permeation current
density at t = 0 from the prior transient
CK critical hydrogen concentration above which irrevers-
ible hydrogen damage occurs
ip permeation current density
ic charging current density
VAg/AgCl potential measured with respect to the Ag/AgCl
electrode
VNHE potential measured with respect to the normal hydrogen
electrode
k1, k2, k3, K1,K2 slopes in Fig. 12
240 Q. Liu et al. / Corrosion Science 87 (2014) 239–258considers that the gaseous hydrogen charging is the same as the
electrolytic charging at the same temperature.
The Nernst equation provides the fundamental thermodynamic
relationship between the electrochemical potential and the activi-
ties of reactants and products of any reaction [80,93,94], including
the hydrogen evolution reaction, which can be written as follows
in an acid solution (Eq. (1)), or an alkaline solution (Eq. (2)):
2Hþ þ 2e ! H2 ð1Þ
2H2Oþ 2e ! H2 þ 2OH ð2Þ
Thus, the Nernst equation can be used to provide the relation-
ship between the hydrogen activity (or pressure, or fugacity) at
the electrode surface and the applied potential, Ec, as suggested
by Bockris and Subramanyan [81], and as is also clear from
standard texts such as Jones [93], Pourbaix [95], Bockris and Reddy
[80], Marcus [96], and Kaesche [94]. The relevant expression
between the hydrogen fugacity, fH2 , under hydrogen cathodic
charging conditions, and the constant applied potential, Ec
[78,81] can be written as follows:
fH2 ¼ A exp
gF
fRT
 
; ð3Þ
where g is the overpotential of the hydrogen evolution reaction, F is
the Faraday, R the gas constant, T the absolute temperature, and A
and f are constants, related to the mechanism of the hydrogen
evolution reaction (HER), which is discussed later. There is also a list
of symbols above. The overpotential, g, is given by
g ¼ Ec  E0H ð4ÞInfluence of Hydrogen on Metallic Components for Clean Energy                                     Qwhere E0H is the equilibrium potential at the steel surface in the
charging solution of the hydrogen evolution reaction at a fugacity
of one atmosphere pressure, and Ec is the applied potential. E
0
H can
be determined experimentally [78], or can be also calculated using
the Nernst equation [97] as follows:
E0H ¼ 0:0591 pH 0:0295 log fH2 ; ð5Þ
where pH is the negative logarithm of the hydrogen ion concentra-
tion of the charging solution (i.e. a measure of the solution acidity),
and fH2 ¼ 1 atm, so that the second term in Eq. (5) is equal to zero.
Note that the fugacity is the same as the pressure at low pressures.
Eq. (3) provides an expression that links the electrochemical
potential to the hydrogen activity at the electrode surface. It is
expected that the hydrogen liberated by the hydrogen evolution
reaction at the electrode surface acts in the same manner, as does
gaseous hydrogen, once the hydrogen has entered the steel. There
is no reason to expect that there is any memory in the hydrogen
that causes a difference in behaviour according to the hydrogen
source. Indeed, it is expected that hydrogen liberated by an electro-
chemical reaction acts in exactly the same manner as does
originally gaseous hydrogen.
The hydrogen concentration dissolved in the steel in equilib-
rium inside the steel surface, CH, can be evaluated using Sievert’s
law:
CH ¼ S
ﬃﬃﬃﬃﬃﬃ
fH2
q
ð6Þ
where S is the solubility constant, and the hydrogen activity needs
to be expressed using hydrogen fugacity, fH2 , rather than hydrogen
pressure PH2 [81,98], whenever the hydrogen activity or pressure isian Liu, December 2014 Page 96
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atm1/2 at 25 C, for pure iron for conditions of gaseous hydrogen
charging, when the fugacity, fH2 , is expressed in units of atm, as is
done throughout this paper, and as also done by Pourbaix [95] for
the units of hydrogen pressure. For small hydrogen pressures, the
hydrogen fugacity is equal to the hydrogen pressure. It is stressed
that Eq. (6) applies to equilibrium conditions.
The deﬁnition for fugacity used herein is that the fugacity is the
pressure of an ideal gas that has the same chemical potential as the
real gas [100], and so fugacity has the same units as pressure.
Bockris and Subramanyan [81] have provided a relationship
between fugacity and pressure for hydrogen.
In an ideal electrochemical permeability experiment [82], the
hydrogen concentration on the entry side is proportional to the
current density at steady state at the exit side i1, and is given
[101] by
CH ¼ i1LFD ð7Þ
where i1 is the steady-state permeation current density at the exit
side for a given negative potential at the entry side; L is the
specimen thickness; F is Faraday constant; and D is the hydrogen
diffusion coefﬁcient in the steel on which the permeability experi-
ment was carried out. Eq. (7) requires that there is no impediment
for hydrogen entry into the steel specimen, that there is no trapping
of hydrogen inside the steel specimen, that there is no impediment
for hydrogen egress from the specimen, and that i1 (the steady-
state current density at the exit side) is a good measure of all the
hydrogen egressing the steel specimen on the exit side.
Under conditions that (i) Sievert’s law applies in both gas phase
permeation studies and electrolytic charging studies, (ii) equilib-
rium conditions are attained on the charging side, and (iii) an ideal
permeation transient is measured, then
i1 ¼ FDSL f
e
H2
 1=2
¼ FDS
L
A exp  gF
fRT
  1=2
ð8Þ
where f eH2 is the fugacity during electrolytic charging. Eq. (8)
provides a simple test of the applicability of the approach. Eq. (8)
indicates that the plot of ln i1 and g should be linear, which was
veriﬁed by the results in the study of Atrens et al. [78] for pure Ni.
In such a case, the parameters A and f can be evaluated from the
relationship between g and i1, in particular f can be evaluated as
[78]:
f ¼ 1
2
F
RT
@g
@ ln i1
; ð9Þ
and the hydrogen fugacity during electrochemical charging is
deﬁned by Eq. (3), using the experimentally determined values of
A and f.
1.3. Important details
The determination of the hydrogen fugacity during electrolytic
charging of steels can be made difﬁcult by experimental problems
that inﬂuence the values measured for CH and D. Surface imped-
ance to hydrogen charging by the state of the surface (including
the state of surface oxides and hydroxides) can inﬂuence the
attained surface hydrogen concentration, CH. Trapping of hydrogen
in the steel, and the quality of Pd coating on the exit side of the per-
meability specimen, can both inﬂuence the measured apparent
hydrogen diffusion coefﬁcient, D. Nevertheless, there are indica-
tions from the literature that both these difﬁculties can be
overcome for steels.
Zakroczymski et al. [102–104] indicated that surface effects
may be eliminated or at least stabilized for steel by aInfluence of Hydrogen on Metallic Components for Clean Energy                                     Qiansufﬁciently-long uninterrupted cathodic polarisation. The detailed
examination of the surface changes, and changes to surface oxides/
hydroxides, are beyond the scope of the present research. Those
interested might consider the following references as a starting
point [104–112].
Trapping effects can be minimised by successive transients with
partial increasing or decreasing cathodic polarisation [78], and by
the use of an annealed pure Fe specimen (or equivalently a low
interstitial steel), which has a minimum of hydrogen traps.
It has been found [79–81,113–116] that the hydrogen evolution
reaction, (Eq. (1) or Eq. (2)) at a metal surface, has the following
three steps in an alkaline solution:
H2OþMþ e !MHads þ OH ð10Þ
2MHads ! H2 þ 2M ð11Þ
MHads þH2Oþ e ! H2 þ OH þM ð12Þ
Eq. (10) is the electrochemical discharge of hydrogen from a water
molecule at the metal surface (M), to produce a hydrogen atom
adsorbed on the metal surface, MHads. Eq. (10) typically occurs for
low overpotentials, when there is a relatively low coverage of the
surface by hydrogen. Such an adsorbed H atom can move around
on the metal surface, until two adsorbed hydrogen atoms combine
by Eq. (11), to produce a molecule of hydrogen, which can leave the
surface as a gas in combination with other hydrogen molecules. As
the hydrogen surface coverage becomes appreciable, electrochemi-
cal desorption by Eq. (12) becomes increasingly probable, and
hydrogen adsorbed atoms can leave the metal surface by two reac-
tions, namely by Eq. (11) and Eq. (12). Note that the sum of Eqs. (10)
and (11) results in the same reaction as Eq. (2). Similarly, the sum of
Eqs. (10) and (12) also results in the same reaction as Eq. (2)
The hydrogen atoms adsorbed on the metal surface can also
enter the metal and be dissolved in the metal, MHabs, by the follow-
ing equilibrium:
MHads ()MHabs ð13Þ
Bockris and Subramanyan [81] considered the possible combina-
tions of the steps represented by Eqs. 10–12, and derived idealised
equilibrium expressions relating the hydrogen fugacity and the
overpotential. For the case of coupled electrochemical discharge–
chemical recombination (i.e. coupled Eqs. (10) and (11)), they
deduced the following expression for the hydrogen fugacity:
fH2 ¼ 101:5exp
gF
2RT
 
¼ 0:0316exp gF
2RT
 
ð14Þ
Note that Eq. (14) has been corrected for the algebraic error in [81].
This derivation assumed that the potential barrier to the hydrogen
evolution reaction was symmetrical. For the case of coupled
electrochemical discharge–electrochemical desorption (i.e. coupled
Eqs. (10) and (12)), their analysis indicated that the hydrogen
fugacity becomes a constant independent of the overpotential when
these conditions become established. The implication is that the
hydrogen fugacity increases with overpotential until these condi-
tions became established.
Bockris et al. [79] considered hydrogen evolution kinetics and
hydrogen entry into pure Armco iron from inter alia 0.1 M NaOH.
They concluded that their data, including their permeability
transients, were consistent with hydrogen evolution by a cou-
pled discharge-recombination mechanism at low overpotentials
(|g| < 0.275 V), (i.e. coupled Eqs. (10) and (11)), and that fast
electrochemical discharge (i.e. Eq. (12)) becomes important at
higher overpotentials (|g| > 0.275 V), despite the fact that Bockris
and Subramanyan [81] deduced that the fugacity becomes
constant independent of the overpotential for the case of coupled
electrochemical discharge–electrochemical desorption (i.e. coupled Liu, December 2014 Page 97
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to the following evaluation of fugacity with overpotential, for pure
Armco iron in 0.1 M NaOH (D = 7.5  105 cm2 s1 [99,104], S
(hydrogen solubility constant) = 3.8  103 mol m3 atm1/2 at
25 C, when the fugacity, fH2 , is expressed in units of atm [99]):
fH2 ¼ 0:022 exp 
gF
2:0RT
 
; for jgj < 0:275 V; and ð15ÞfH2 ¼ 1:262exp 
gF
11:17RT
 
; for jgj > 0:275 V: ð16Þ
Note the good agreement of the experimental data, Eq.(15) to
the theoretical expression (Eq.(14)) with the exception that the
experimental data gave a value of the pre-exponential factor some-
what lower than that expected from the theoretical expression
[81]. See however the comment after Eq. (23) below.
The relationship between fugacity and overpotential is
expressed as two equations (Eqs. (15) and (16)) with a sharp knee
purely for convenience. In reality there is expected to be a smooth
transition between the two equations. This observation applies
throughout this research.1.4. Summary of approach
The approach is summarised in Fig. 1 (adapted from [96]).
Permeation experiments allow measurement of the hydrogen
concentration, CH, dissolved in the steel on the entry side of a
permeability specimen by means of Eq. (7). The hydrogen concen-
tration, CH, depends critically on the details of the hydrogen evolu-
tion reaction on the steel surface, and cannot be measured by
electrochemical measurements on the entry side of the permeabil-
ity specimen. Furthermore, the permeability experiments allow
determination of how CH varies with the overpotential on the entry
side of the permeability specimen, and such experiments allow the
determination of the parameters A and f in Eq. (3).Fig. 1. Schematic showing the conditions at steady state for an ideal permeability
specimen in an ideal experiment. The hydrogen conditions on the surface of the
entry side of a permeability specimens (on the left hand side of the specimen) are
given by a balance of the steps of the hydrogen evolution reaction, given by Eqs. 10–
12, and how these are inﬂuenced by the solution, the overpotential, and the state of
the surface, including the presence of surface oxides and hydroxides, which tend to
be reduced at cathodic potentials. The hydrogen adsorbed on the surface, Hads, is in
equilibrium with the hydrogen absorbed in solid solution just inside the perme-
ability specimen, Hads, which determines the hydrogen concentration, CH. The
hydrogen diffuses through the permeability specimen, and the amount exiting on
the right hand side of the specimen is measured as an electric current density.
Adapted from [96].
Influence of Hydrogen on Metallic Components for Clean Energy                                     QNote that, as indicated above, the state of the surface, and in
particular surface oxides/hydroxides, probably plays an important
role.
Further important insights about the hydrogen evolution reac-
tion can be obtained from the experimentally measured relation-
ship between the steady state permeation current density, i1,
and the current density of hydrogen evolution on the specimen
surface, ic.1.5. Aims
The aims of the present research were:
(i) to study how to determine the hydrogen fugacity in steels
during electrolytic hydrogen charging at constant potential
in two relatively-mild hydrogen-charging environments:
(a) 0.1 M NaOH solution, pH 12.6, and (b) acidiﬁed pH 2
0.1 M Na2SO4 solution (as used in our prior research [42]
to study hydrogen embrittlement of medium strength
steels),
(ii) to consider a reaction sequence approach to determine the
relationship between hydrogen fugacity, fH2 , and overpoten-
tial g,
(iii) to consider the applicability of the fugacity so determined to
the hydrogen fugacity during mechanical testing for hydro-
gen embrittlement,
(iv) to consider the applicability of the use of low interstitial
steel (i.e. essentially pure iron) as a model material, with
the expectation that the hydrogen evolution reaction on
the pure iron surface is essentially the same as on the sur-
face of another type of steel,
(v) to consider the inﬂuence of the surface state of the steel, and
the importance of cathodic pre-charging [102–104], and
(vi) to consider the applicability to literature data of the method-
ology developed to determine hydrogen fugacity during
electrochemical hydrogen charging.
2. Theory – reaction sequence approach
2.1. Equations
Bockris and Subramanyan [81] considered special cases for par-
ticular combinations of the reactions given by Eqs. 10–13. They
made a signiﬁcant contribution by pioneering the approach to
the understanding of the hydrogen evolution reaction. An alterna-
tive approach is to consider the thermodynamic relationship
between overpotential and Hads when all three reactions given by
Eqs. 10–12 are possible. More details of this general approach
can be gleaned from chemical engineering handbooks, such as that
of Levenspiel [117].
For evolution of hydrogen on an iron surface, it is postulated
that three major reactions deﬁne the reaction rate, provided in
their elementary forms as follows:
Hþ þ e þM ka
k0a
MHads ðAÞ2MHads 
kb
k0b
2MþH2 ðBÞHþ þ e þMHads 
kc
k0c
MþH2 ðCÞ
where the kx terms are the forward and backward reaction rate
constants.ian Liu, December 2014 Page 98
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ing surface coverage of adsorbed hydrogen on the metal surface
(i.e. the proportion of surface sites occupied by MHads species as
h). This was assumed to be in equilibrium with absorbed H2, the
concentration of which can be characterised by an associated
fugacity, deﬁned via:
h
1 h
 2
¼ hR
1 hR
 2
fH2 ð17Þ
where hR is the surface hydrogen coverage at 1 atm pressure.
The value of h can be deﬁned for any system at steady state by
evaluating the forward and backward reactions of the system
deﬁned by reactions A, B, and C as per Eq. (17):
dh
dt
¼ 0 ¼ 2kaCHþ ð1 hÞexp aa
VF
RT
 
þ k0bð1 hÞ2
ﬃﬃﬃﬃﬃﬃﬃ
pH2
p
þ 2k0cð1 hÞpH2exp ð1 acÞ
VF
RT
 
 2k0ahexp ð1 aaÞ
VF
RT
 
 kbh2  2kcCHþhexp ac
VF
RT
 
ð18Þ
Note that the rates for reactions A and C are multiplied by two
to match the rates associated with reaction B. For all values of
overpotential of interest in this work, the rates of the reverse reac-
tions for A and C are negligible as the exponential term for the
reverse reaction quickly becomes negligible. The reverse rate for
reaction B can also be assumed negligible.
Consequently, the steady state condition can be deﬁned by:
2kaCHþ ð1 hÞexp aa
VF
RT
 
¼ kbh2 þ 2kcCHþhexp ac
VF
RT
 
ð19Þ
This equation can be solved explicitly by rearranging into a qua-
dratic equation. However the analytic solution of the resulting
equations becomes exceedingly complex. Instead, it is practical
to examine the limiting cases where the forward reaction rates of
either reaction B or reaction C are dominant.
2.2. Low values of overpotential
For low values of overpotential, g, the forward rate of reaction B
is much greater than the forward rate of reaction C, i.e.:
kbh
2  2kCCHþhexp aa
VF
RT
 
ð20Þ
Eq. (19) can be simpliﬁed to:
2kaCHþ ð1 hÞexp aa
VF
RT
 
¼ kbh2 ð21Þ
which resolves to:
h2
1 h ¼
2kaCHþexp aa VFRT
 
kb
ð22Þ
which, for small values of h, is:
h
1 h
 2
¼ 2kaCHþexp aa
VF
RT
 
kb
¼
2kaCHþexp aa VR;aFRT
 
kb
exp aa gFRT
 
ð23Þ
Bockris and Subramanyan [81] evaluated this expression by
assessing the conditions at the boundary between the linear rela-
tion between i and g, and the Tafel-slope relation (taken as
g = 2.303RT/F). While this is reasonably likely to be linear, it is
not entirely convincing that this should be the boundary of the
Tafel slope. This is probably somewhat arbitrary, and the resultingInfluence of Hydrogen on Metallic Components for Clean Energy                                     Qianconstant depends on this choice (i.e. the 103aa pre-expontential
term in Eq. (14) which is equal to 101.5 if aa is equal to 0.5). That
is, a slightly different assumption would lead to a slightly different
pre-exponential term in Eq. (14) and an assumption could be cho-
sen so that the theoretical expression (i.e. Eq. (14)) agreed better
with that experimentally determined in Eq. (15).
Nevertheless, this assumption is accepted. In the linear region,
reaction A is reversible, and consequently:
2kaCHþ ð1 hlinÞexp aa
VF
RT
 
¼ 2k0ahlinexp ð1 aaÞ
VF
RT
 
ð24Þ
hlin
1 hlin
 
¼ kaCHþ
k0a
exp VF
RT
 
ð25Þ
Because the reversible surface coverage of MHads species is
deﬁned as:
hR
1 hR
 
¼ kaCHþ
k0a
exp VR;aF
RT
 
ð26Þ
The linear region consequently relates surface coverage to over-
potential by:
hlin
1 hlin
 2
¼ hR
1 hR
 2
exp 2gF
RT
 
ð27Þ
Combination of Eqs. (23) and (27), and substituting g = 2.303RT/
F, leads to:
hR
1 hR
 2
expð2 2:303Þ ¼
2kaCHþexp aa VR;aFRT
 
kb
expð2:303aaÞ
ð28Þ
which directly rearranges to the following:
2kaCHþexp aa VR;aFRT
 
kb
¼ hR
1 hR
 2
10ð2þaaÞ ð29Þ
which can be substituted into Eq. (23) to give:
h
1 h
 2
¼ hR
1 hR
 2
10ð2þaaÞexp aa gFRT
 
ð30Þ
Consequently by combination with Eq. (17), the hydrogen
fugacity can be expressed by the following:
fH2 ¼ 10ð2þaaÞexp aa
gF
RT
 
ð31Þ
The slope of the Tafel curve through the region in which con-
sumption of MHads occurs predominantly by reaction B is RT/Faa.
At small values of overpotential, this equation does not directly
apply as that is within the linear region where the reverse of reac-
tion A is non-negligible. However, the trend of Eq. (31), as the over-
potential approaches zero, is an intercept deﬁned by 10aa2. This is
equal to 101.5 if aa is equal to 0.5.2.3. High values of overpotential
For the case of large over potential, and for small change in h
with overpotential, the following condition is valid:
kbh
2  2kcCHþhexp ac
gF
RT
 
ð32Þ
The balance of rates of formation (Eq. (18)) of adsorbed hydro-
gen reduces to:
2kaCHþ ð1 hÞexp aa
VF
RT
 
¼ 2kcCHþhexp ac
VF
RT
 
ð33Þ Liu, December 2014 Page 99
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h
1 h ¼
kaexp aa VFRT
 
kcexp ac VFRT
  ð34Þ
This can be deﬁned in terms of overpotential by:
h
1 h ¼
kaexp aa FRT ½VR;a þ g
 
kcexp ac FRT ½VR;c þ g
  ð35Þ
which can be rearranged into a more transparent function for h in
Eq. (36) and for hydrogen fugacity in Eq. (37):
h
1 h ¼
ka
kc
exp ½aaVR;a þ acVR;c FRT
 
exp ½aa þ acgFRT
 
ð36Þ
fH2 ¼
1 hR
hR
 2 k2a
k2c
exp ½aaVR;a þ acVR;c 2FRT
 
exp ½aa þ ac2gFRT
 
ð37Þ
For the purposes of determining the pre-exponential, Kp is
deﬁned via:
Kp ¼ 1 hRhR
 2 k2a
k2c
exp ½aaVR;a þ acVR;c 2FRT
 
ð38Þ
which provides a revised equation for hydrogen fugacity:
fH2 ¼ Kpexp ½aa þ ac
2gF
RT
 
ð39Þ
At the point of inﬂection between the two different Tafel slopes,
deﬁned by an inﬂection overpotential, g, the fugacities of hydro-
gen can be equated, resulting in:
Kpexp ½aa þ ac2g
F
RT
 
¼ 102þaaexp aa g
F
RT
 
ð40Þ
which allows determination of the constant Kp via:
Kp ¼ 102þaaexp ½aa þ 2acg
F
RT
 
ð41Þ
which provides the following expression of hydrogen fugacity at
large overpotentials:
fH2 ¼ 102þaaexp ½aa þ 2ac
gF
RT
 
exp
2½ac  aagF
RT
 
ð42Þ
As a direct consequence, for an overpotential such that reaction
C can progress, if the charge transfer coefﬁcients ac and aa are
equal, then the fugacity of hydrogen does not increase further
and is constant at higher overpotential, as determined by Bockris
and Subramanyan [81]. However if ac and aa are not equal, the
slope of the Tafel curve is deﬁned by the difference between the
two.
2.4. Conclusion
This theoretical analysis of the hydrogen evolution reaction pro-
vides an improved theoretical identiﬁcation of the values of the
parameters A and f in Eq. (3).
3. Experimental
3.1. Permeation tests
Hydrogen permeation in an annealed low interstitial steel
(which was essentially pure iron) was studied using the Devana-
than–Stachurski two-component electrolytic permeability cell
[82] as illustrated in Fig. 2. Each compartment contained a Pt wireInfluence of Hydrogen on Metallic Components for Clean Energy                                     Qcounter electrode, and a Luggin capillary probe connected to an Ag/
AgCl reference electrode. The specimen was in the form of a ﬂat
sheet in the middle of the cell, and was the working electrode for
each cell. The hydrogen input side was the left hand side, and
the hydrogen permeating through the specimen was measured
using the right hand cell. The steel composition is listed in Table 1.
This steel can also be considered to be ultra low carbon steel,
abbreviated as ULC steel. The steel was furnace annealed by heat-
ing at 700 C for 3 h, and furnace cooling. The low interstitial steel
sheet exposed an area to the solution of 3.53 cm2. The original
sheet thickness was 1.0 mm. The samples were polished to differ-
ent thicknesses for various experiments. The cathodic side of the
specimen was polished to a mirror ﬁnish (3 lm diamond), washed
with distilled water, washed with ethanol and dried.
To prevent oxidation, the anodic side was electrolytically Pd-
plated, which coating was determined to be less than 1 lm in
thickness, by weighing the specimen after the Pd plating. The solu-
tion used for Pd plating was 5 g PdCl2 dissolved in 1 L 25 wt%
ammonia solution. The plating procedures were as follows. The
specimen was (i) ground to 1200 grit emery paper on the Pd coat-
ing side, (ii) cleaned in an oil removal solution (NaOH 16 g, Na2CO3
15 g, Na3PO412H2O 15 g, detergent 2 ml dissolved in 500 ml dis-
tilled water) at 80 C for 15 min, (iii) washed with distilled water,
(iv) dried by cool ﬂowing air, (v) weighed, (vi) the polished input
side was masked using an adhesive sticker, (vii) a conductive wire
was connected to the specimen, (viii) the specimen was pickled for
5 s in 37 wt% HCl solution, (ix) washed thoroughly with distilled
water, and (x) and the Pd was electro-deposited. The specimen
was connected to the negative pole of the power supply, and a plat-
inum electrode was connected with the positive pole of the power
supply. The deposition lasted 5 min at a current density of
3 mA cm2 in the solution of 5 g PdCl2 in 1 L ammonia (25 wt%).
The specimen was rinsed with ethanol, dried with cool ﬂowing
air, and weighed. The Pd coating was checked after each perme-
ability transient sequence, and in no case was there detected any
change.
The hydrogen charging solution in the left hand cell was either
(i) 0.1 M NaOH solution or (ii) the acidiﬁed pH 2 0.1 M Na2SO4
solution as used in our prior research [42]. The hydrogen exit cell
was ﬁlled with 0.1 M NaOH solution (pH 12.6). All solutions were
made from the analytic grade reagents and distilled water.
A MP81 potentiostat was used for hydrogen charging by con-
trolling the cathodic potential. The hydrogen permeation current
was recorded by anodically polarizing the hydrogen exit side to
+0.200 VAg/AgCl using a PARSTAT 2273 potentiostat. The charging
current density, ic, was also measured for each charging condition.
Before each experiment, the exit side background current den-
sity was decreased to less than 0.2 lA cm2 by N2 bubbling
through the solution. N2 bubbling through the solution was contin-
ued throughout each experiment to continue to remove O2 from
the solution. Too high an O2 concentration in the solution can con-
tribute to the oxidation current density. All the tests were per-
formed at room temperature, 23 ± 2 C.
3.2. Permeation transients
For a specimen with a thickness of L, the hydrogen permeation
transient can be expressed by the following equations [89,118]:
it  io
i1  i0 ¼
2Lﬃﬃﬃﬃﬃﬃﬃﬃﬃ
pDt
p
X1
n¼0
exp ð2nþ 1Þ
2L2
4Dt
 !
; ðrise transientÞ ð43Þ
it  i1
i0  i1 ¼ 1
2Lﬃﬃﬃﬃﬃﬃﬃﬃﬃ
pDt
p
X1
n¼0
exp ð2nþ 1Þ
2L2
4Dt
 !
; ðdecay transientÞ
ð44Þian Liu, December 2014 Page 100
Fig. 2. Schematic of the electrolytic permeability cell.
Table 1
Chemical composition of the low interstitial steel (wt%).
Sample C Mn Si S P Ni Cr Mo Cu V Nb Ti Al B Fe
Steel 0.005 0.043 <0.01 <0.005 0.005 0.012 0.013 <0.005 0.005 <0.005 <0.005 <0.005 <0.005 <0.0002 Bal
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time t, i0 is the initial steady-state hydrogen permeation current
density at t = 0 from the prior transient, and i1 is the new steady-
state hydrogen permeation current density as t?1. In particular,
for the ﬁrst charging i0 = 0, and for the complete decay i1 = 0. These
two equations (Eqs. (43) and (44)) were used to determine the dif-
fusivity of hydrogen through the low interstitial steel membrane.
MATLAB was used to ﬁt each experimental permeation transient
with the pertinent permeation equation, giving the diffusion coefﬁ-
cient DH.
The concentration of hydrogen, CH, at the sub-surface on the
hydrogen entry side was calculated using Eq. (7).
The hydrogen diffusivity was determined as the average value
of the ﬁtted values, DH.3.3. Experimental sequence
Initial experiments were carried out to study permeability tran-
sients with a virgin surface without pre-charging on the entry side.
That is, the specimen surface was as-polished. Many such experi-
ments were carried without pre-charging. The experimental
results presented herein were carried out in the acidiﬁed pH 2
0.1 M Na2SO4 solution. The successive transients presented in this
work were measured at potentials: 0.600 VAg/AgCl, 0.650 VAg/AgCl,
0.700 VAg/AgCl, 1.400 VAg/AgCl, and 1.700 VAg/AgCl. These experi-
ments with a virgin surface indicated unexpected behaviour that
was hard to understand. There were transients that did not con-
form to Eqs. (43) and (44), and behaviour that was not consistent
with Eqs. (3) and (8). Nevertheless, some of these experiments
were described herein to signpost potential problems.
Subsequent experiments were carried out with pre-charging on
the entry side. Long-term cathodic polarisation at 1.500 VAg/AgCl
in 0.1 M NaOH solution was carried out over 140 h, interrupted
to measure some permeation transients. The permeation current
versus time was recorded. These permeation transients (such as
1.200 VAg/AgCl to1.500 VAg/AgCl, and then back to1.200 VAg/AgCl)
were measured after various charging times. When the permeation
current achieved steady-state, i1, a successive transient was mea-
sured after changing the applied potential on the entry side.
Depending on whether the potential was increased or decreased,
a rise or decay transient marked the approach to the new steady
state. These permeation transients conformed to Eqs. (43) and (44).
Each permeation transient was analysed to give the diffusion
coefﬁcient, D and i1; which provided the critical data to allowInfluence of Hydrogen on Metallic Components for Clean Energy                                     Qianevaluation of the sub-surface hydrogen concentration on the
charging or input side of the specimen. Sufﬁcient permeation tran-
sients were measured to ensure a consistent and precise measure-
ment of D. The steady state amount of hydrogen in the measured
permeation transient was related to the hydrogen solubility in
the steel for the particular hydrogen charging conditions.
Successive permeation transients were measured at different
potentials after 48 h uninterrupted cathodic polarisation at
1.500 VAg/AgCl. The successive potentials were 1.200 VAg/AgCl,
1.300 VAg/AgCl, 1.400 VAg/AgCl, 1.500 VAg/AgCl, 1.600 VAg/AgCl,
1.700 VAg/AgCl and 1.800 VAg/AgCl.
Subsequently, analogous permeation experiments were carried
out with pre-charging on the entry side at 1.400 VAg/AgCl in the
acidiﬁed pH 2 0.1 M Na2SO4 solution.4. Results – virgin surface
Many preliminary experiments were carried out using a virgin
surface. The sample entry surfaces were still shiny after the exper-
iments, indicating that there was no surface degradation from the
hydrogen charging at the hydrogen entry side. Furthermore micro-
scopic examination of the surface did not reveal any damage. There
were no signs of cracks or blisters. Nevertheless, the permeation
transients were not repeatable. There were unexpected phenom-
ena. Three examples are presented in Figs. 3–5.
Fig. 3 illustrates the maximum current density phenomenon, as
shown by the initial few transients in acidiﬁed pH 2 0.1 M Na2SO4
solution. When the potential of 0.650 VAg/AgCl was applied on the
entry side of the specimen at P1, the current density, ip, on the exit
side, increased after several seconds equivalent to a breakthrough
time. The permeation rate reached a maximum and then decreased
slowly to a steady state value. There was similar behaviour when
the potential was decreased to 0.700 VAg/AgCl at P2. When the
applied potential was increased at P3 to 0.650 VAg/AgCl, the per-
meation rate decreased to a minimum and subsequently increased.
There was a similar behaviour when the potential was increased to
0.600 VAg/AgCl at P4. Beck et al. [119] reported phenomena similar
to the ﬁrst transient in Fig. 3 in their experiments in 0.1 N H2SO4
solution, which they attributed to the formation of irreversible
hydrogen damage in the steel in the form of blisters, which they
stated occurred for hydrogen charging conditions which exceeded
a critical hydrogen concentration, CK [119]. However, this explana-
tion did not apply to the present experiments because (i) there was
no sign of any damage visible on detailed microscopic examination Liu, December 2014 Page 101
Fig. 3. Initial permeation transients for the low interstitial steel in acidiﬁed pH 2
0.1 M Na2SO4 solution. The current density versus time is presented. The potential
on the input side of the low interstitial steel membrane was set to0.650 VAg/AgCl at
P1, to 0.700 VAg/AgCl at P2, to 0.650 VAg/AgCl at P3, and set to 0.600 VAg/AgCl at P4.
Fig. 4. Successive transients obtained for the low interstitial steel in acidiﬁed pH 2
0.1M Na2SO4 solution. The potential on the input side of the low interstitial steel
membrane was set to 0.600 VAg/AgCl at P1, and set to 0.650 VAg/AgCl at P2.
Fig. 5. Transients obtained in the acidiﬁed pH 2 0.1M Na2SO4 solution at more
negative potentials. The potential on the input side of the low interstitial steel
membrane was set to 0.600 VAg/AgCl at P1, to 0.650 VAg/AgCl at P2, to 1.700 VAg/
AgCl at P3, to 1.400 VAg/AgCl at P4, and to 1.700 VAg/AgCl at P5.
Fig. 6a. Hydrogen permeation current density, ip, versus elapsed time during
cathodic pre-charging polarisation at 1.500 VAg/AgCl on the input side of an
annealed low interstitial steel membrane in the 0.1 M NaOH solution. Periodically,
permeation transients were measured, such as the typical ones presented in Fig. 7.
The potential was changed to 1.200 VAg/AgCl, enough time was allowed to elapse
until the permeation current density was constant, and a permeation transient was
measured between 1.200 VAg/AgCl to 1.500 VAg/AgCl. The time for the measure-
ment of the permeation transients was subtracted from the elapsed time, and only
the time at 1.500 VAg/AgCl was used.
246 Q. Liu et al. / Corrosion Science 87 (2014) 239–258of the specimen after the experiments, and (ii) there were repro-
ducible well-behaved transients, as shown in Fig. 4, during the
later part of the experimental sequence, which were measured
after the measurements shown in Fig. 3 on the same specimen. AInfluence of Hydrogen on Metallic Components for Clean Energy                                     Qmore likely explanation was that the behaviour shown in Fig. 3
was caused by some surface effects on the entry side of the speci-
men, such as the reduction of surface oxides/hydroxides.
Fig. 4 illustrates successive transients obtained from the poten-
tial loop from 0.600 VAg/AgCl to 0.650 VAg/AgCl and back to
0.600 VAg/AgCl. With increasing time, the steady-state permeation
current density increased steadily for both rise transients and
decay transients. The evaluated hydrogen diffusion coefﬁcient
was essentially constant with time, but the increased steady state
permeation rate indicated increasing hydrogen concentration at
the surface of the specimen if evaluated according to Eq. (7), and
indicated increasing hydrogen fugacity at the same applied poten-
tial, which was not consistent with Eq. (3). This behaviour is con-
sistent with increasing real surface area due to the reduction of
surface oxides/hydroxides during the experimental sequence.
Fig. 5 presents the transients at more negative potentials. The
transients between 0.600 VAg/AgCl to 0.650 VAg/AgCl were consis-
tent with Eqs. (43) and (44). However, when the applied potential
was changed from 0.650 VAg/AgCl to 1.700 VAg/AgCl, the perme-
ation current density, ip, decreased instead of increasing. The
steady state current densities at 1.700 VAg/AgCl and 1.400 VAg/
AgCl were lower than those at 0.600 VAg/AgCl and 0.650 VAg/AgCl.
Eq. (3) indicates that more hydrogen is generated at a more nega-
tive potential [78], which would be expected to result in a higher
steady-state permeation current density at a more negative poten-
tial. However, this was not the case for the transients to
1.700 VAg/AgCl and 1.400 VAg/AgCl. The reason was not clear.
The experiments using a virgin surface presented unexpected
behaviour that was hard to understand.5. Results – 0.1 M NaOH solution
5.1. Permeation transients
Fig. 6a presents the ﬁrst measurements of the hydrogen perme-
ation current density versus time of cathodic polarisation at
1.500 VAg/AgCl at the input side for a low interstitial steel speci-
men in the 0.1 M NaOH solution. Within a few hours the perme-
ation rate attained a near-steady value of about 2.5 lA cm2.
However, thereafter the permeation rate increased until reachingian Liu, December 2014 Page 102
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was about 6 times higher than that for short-term polarisation.
After 70 h, the permeation rate began to decrease slowly. Flis
et al. [103] observed a similar trend of the permeation rate versus
time. Fig. 6b presents typical data for the hydrogen permeation
rate versus square root of the charging current density for the
cathodic pre-charging polarisation at 1.500 VAg/AgCl on the input
side of an annealed low interstitial steel specimen (L = 0.88 mm)
in 0.1 M NaOH solution. Fig. 6c presents corresponding typical data
for the hydrogen charging current density, ic, versus charging time
for cathodic pre-charging at 1.500 VAg/AgCl on the input side of an
annealed low interstitial steel specimen (L = 0.88 mm) in the 0.1 M
NaOH solution. Figs. 6a–c indicate that both the hydrogen perme-
ation current density, and the charging current density, increased
during the cathodic polarisation at 1.500 VAg/AgCl at the input side
for a low interstitial steel specimen in the 0.1 M NaOH solution.
This indicates that more hydrogen was produced at the input side
of the permeability specimen (i.e. the speed of reaction (10) had
probably increased and/or there had been an increase in the sur-
face area on which this reaction occurred) and more hydrogen
entered the steel. That is reaction (13) was also faster or more
hydrogen entered the steel because the true surface area had
increased. The line of best ﬁt in Fig. 6b was as follows:Fig. 6b. Hydrogen permeation current density versus square root of the charging
current density for cathodic pre-charging at a polarisation at 1.500 VAg/AgCl on the
input side of an annealed low interstitial steel membrane (L = 0.88 mm) in the 0.1 M
NaOH solution.
Fig. 6c. Hydrogen charging current density, ic, versus charging time for cathodic
pre-charging at 1.500 VAg/AgCl on the input side of an annealed low interstitial
steel membrane (L = 0.88 mm) in the 0.1 M NaOH solution.
Influence of Hydrogen on Metallic Components for Clean Energy                                     Qianip ¼ 24:32þ 11:91
ﬃﬃﬃ
ic
p
ð45Þ
Fig. 7 presents typical hydrogen permeation curves (from
1.200 VAg/AgCl to 1.500 VAg/AgCl) for the low interstitial steel
specimen after various cathodic polarisation times at1.500 VAg/AgCl
on the input side in the 0.1 M NaOH solution. These curves were
measured together with those of Fig. 6a, and showed the same
trend as that in Fig. 6a. The steady-state permeation current
density increased with increasing cathodic polarisation time, and
reached a maximum at about 46 h. Thereafter, the steady-state
permeation current density remained at about the maximum value
for at least 10 h, and subsequently decreased somewhat.
Previous research [79,103,120] has attributed such changes to
the changed state of the steel surface which directly inﬂuenced
the surface hydrogen concentration dissolved in the steel as fol-
lows: (i) the initial increase in the hydrogen permeation rate was
attributed to both weak bonding of the adsorbed hydrogen (facili-
tating the transformation of Hads to Habs) and the increasing surface
coverage (concomitant with a decrease in surface coverage by sur-
face oxide/hydroxides) with increasing cathodic polarisation time,
and (ii) the following decrease after 70 h hydrogen charging was
attributed to the growth of an iron oxide deposit on the specimen
surface despite the fact that the surface was cathodically polarised.
(It was proposed that the evolving hydrogen could shield the steel
surface so that the potential at the surface was much less cathodic
than the applied potential).
These results indicated that 48 h cathodic polarisation pro-
duced a quasi-stable surface condition that was conducive to
hydrogen entry so that the steady-state permeation rate reached
a maximum and remained in that condition for about 20 h. This
surface condition was quasi-stable and corresponded to the
maximum hydrogen uptake by the low interstitial steel.
Transients were measured at different potentials after 48 h
uninterrupted cathodic polarisation. Many successive transients
were obtained, which showed good reproducible behaviour at
the same cathodic potential. This agreed with the previous
conclusion that after 48 h charging in alkaline solution, the surface
condition on the entry side was in a relatively stable state.
Fig. 8 presents an example of permeation transients from
1.200 VAg/AgCl to 1.800 VAg/AgCl to 1.200 VAg/AgCl with a step of
0.100 VAg/AgCl at each potential change for a specimen withFig. 7. Hydrogen permeation transients measured after the input potential was
changed from 1.200 VAg/AgCl to 1.500 VAg/AgCl on the input side of a low
interstitial steel membrane in the 0.1 M NaOH solution, and after the stated time
with the potential on the input side was maintained stated time at 1.500 VAg/AgCl.
After each permeation transient, the potential on the input side was maintained for
the stated time at 1.500 VAg/AgCl, until the indicated time to measure the next rise
transient, where upon there was a change of input potential and a decay transient
(which are not shown), after which was measured the permeation transient shown
in the ﬁgure.
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Fig. 8. Hydrogen permeation transients at different cathodic potentials at the
input side of the low interstitial steel specimen in the 0.1 M NaOH solution after
48 h charging at 1.500 VAg/AgCl: P1: 1.200 VAg/AgCl; P2: 1.300 VAg/AgCl; P3:
1.400 VAg/AgCl; P4: 1.500 VAg/AgCl; P5: 1.600 VAg/AgCl; P6: 1.700VAg/AgCl; P7:
1.800 VAg/AgCl.
Fig. 9a. Hydrogen permeation transients at different cathodic potentials at the
input side of the low interstitial steel specimen in the 0.1 M NaOH solution after
48 h charging at 1.500 VAg/AgCl: P1: 1.100 VAg/AgCl; P2: 1.250 VAg/AgCl; P3:
1.450 VAg/AgCl; P4: 1.650 VAg/AgCl; P5: 1.850 VAg/AgCl.
Fig. 9b. Typical ﬁtting for a permeation rise transient by Matlab for the transient
from 1.450 VAg/AgCl to 1.650 VAg/AgCl from the sequence of Fig. 9a for the low
interstitial steel specimen in the 0.1 M NaOH solution after 48 h charging at
1.500 VAg/AgCl.
248 Q. Liu et al. / Corrosion Science 87 (2014) 239–258thickness L = 0.76 mm, measured after 48 h uninterrupted cathodic
polarisation. The charging current density was measured for each
charging condition, and was found to be a constant in each case.
The permeation transients at different cathodic potentials were ﬁt-
ted to Eqs. (43) and (44) to obtain the value of hydrogen diffusion
coefﬁcient, DH. The value of CH was evaluated using Eq. (7). Table 2
presents the values of DH and CH. The average value of DH was
6.8 ± 0.7  105 cm2 s1.
Fig. 9a presents the transients obtained after 48 h uninterrupted
charging at1.500 VAg/AgCl from a thicker specimen, with thickness
L = 0.88 mm, in the 0.1 M NaOH solution. The charging current
density was measured for each charging condition, and was also
found to be a constant in each case. Fig. 9b presents a typical ﬁtting
for a permeation rise transient by Matlab to Eq. (43) for the tran-
sient from 1.450 VAg/AgCl to 1.650 VAg/AgCl from the sequence
of Fig. 9a for the low interstitial steel specimen in the 0.1 M NaOH
solution after 48 h charging at 1.500 VAg/AgCl. Fig. 9c presents typ-
ical ﬁtting for a permeation decay transient by Matlab to Eq. (44)
for the transient from 1.850 VAg/AgCl to 1.650 VAg/AgCl from the
sequence of Fig. 9a for the low interstitial steel specimen in the
0.1 M NaOH solution after 48 h charging at 1.500 VAg/AgCl.
Fig. 9d presents the measured permeation rise transients from
the sequence of Fig. 9a for the low interstitial steel specimen in
the 0.1 M NaOH solution after 48 h charging at 1.500 VAg/AgCl.
Also shown is the theoretical rise transient calculated with theTable 2
DH and CH values for the low interstitial steel from permeability experiments such as
those illustrated in Fig. 7 using a charging solution of 0.1 M NaOH solution,
L = 0.76 mm, F = 96485 C mol1, T = 296 K. Permeability transients were started after
charging at 1.500 VAg/AgCl for 48 h.
Potential
(VAg/AgCl)
Overpotential
(V)
i1 (lA cm2) D (cm2 s1) CH
(mol m3)
1.300 0.3563 9.67 5.66  105 0.135
1.400 0.4563 14.48 6.87  105 0.166
1.500 0.5563 18.79 7.04  105 0.210
1.600 0.6563 23.00 7.09  105 0.256
1.700 0.7563 27.04 7.60  105 0.280
1.800 0.8563 30.27 6.78  105 0.352
1.700 0.7563 26.88 7.42  105 0.286
1.600 0.6563 22.98 7.68  105 0.236
1.500 0.5563 18.86 6.93  105 0.214
1.400 0.4563 14.02 6.49  105 0.170
1.300 0.3563 9.32 6.75  105 0.109
1.200 0.2563 5.21 5.72  105 0.072
Average 6.8 ± 0.7  105
Fig. 9c. Typical ﬁtting for a permeation decay transient by Matlab for the transient
from 1.850 VAg/AgCl to 1.650 VAg/AgCl from the sequence of Fig. 9a for the low
interstitial steel specimen in the 0.1 M NaOH solution after 48 h charging at
1.500 VAg/AgCl.
Influence of Hydrogen on Metallic Components for Clean Energy                                     Qaverage value of the diffusion coefﬁcient. Figs. 9b–d shows good
ﬁts of the data to the theoretical transients.
Table 3 presents the values of DH and CH for the specimen with a
thickness of 0.88 mm. The average value of DH was 6.4 ± 0.7 ian Liu, December 2014 Page 104
Fig. 9d. Measured permeation rise transients from the sequence of Fig. 9a for the
low interstitial steel specimen in the 0.1 M NaOH solution after 48 h charging at
1.500 VAg/AgCl. Also shown is the theoretical rise transient calculated with the
average value of the diffusion coefﬁcient.
Table 3
DH and CH values for the low interstitial steel from permeability experiments such as
those illustrated in Fig. 8 using a charging solution of 0.1 M NaOH solution,
L = 0.88 mm, F = 96,485 C mol1, T = 296 K. Permeability experiments were started
after charging at 1.500 VAg/AgCl for 48 h.
Potential (VAg/AgCl) i1 (lA cm2) D (cm2 s1) CH (mol m3)
1.100 2.90 5.23  105 0.0505
1.100 2.86 5.24  105 0.0497
1.100 2.99 5.42  105 0.0503
1.250 7.50 5.29  105 0.1294
1.250 7.31 6.67  105 0.0998
1.250 7.45 5.29  105 0.1286
1.250 7.29 6.40  105 0.1039
1.250 7.71 5.60  105 0.1255
1.250 7.47 6.51  105 0.1046
1.450 11.97 6.54  105 0.1669
1.450 11.87 6.61  105 0.1637
1.450 12.01 6.45  105 0.1699
1.450 11.94 6.90  105 0.1577
1.450 12.20 6.19  105 0.1798
1.450 12.22 6.56  105 0.1699
1.650 15.56 6.51  105 0.2182
1.650 15.48 7.24  105 0.1949
1.650 15.44 7.07  105 0.1992
1.650 15.75 7.14  105 0.2012
1.650 16.01 7.08  105 0.2062
1.650 15.82 6.73  105 0.2145
1.850 18.54 6.32  105 0.2677
1.850 17.89 7.86  105 0.2077
1.850 18.95 6.81  105 0.2537
Average 6.4 ± 0.7  105
Fig. 10. The hydrogen concentration, CH (mol m3), at the entry side of a low
interstitial steel specimen versus the square root of cathodic charging current
density, ic (mA cm2). The data were obtained using the 0.1 M NaOH solution on the
input side of the permeation cell.
Fig. 11. The steady-state hydrogen permeation rate, i1 (lA cm2), multiplied by
the specimen thickness, L, for a low interstitial steel specimen versus the square
root of cathodic charging current density, ic (mA cm2). The data were obtained
using the 0.1 M NaOH solution in the input side of the permeation cell.
Q. Liu et al. / Corrosion Science 87 (2014) 239–258 249105 cm2 s1, which was within experimental error of the value
obtained from the thinner specimen, 6.8 ± 0.7  105 cm2 s1. This
was in good agreement with literature [99,104] values of the lat-
tice diffusion of hydrogen in well-annealed pure iron of 7.5–
8.0  105 cm2 s1. The present data were slightly lower, especially
at more positive potential, such as at 1.100 VAg/AgCl and
1.200 VAg/AgCl. The explanation is that, even though the successive
transient minimised hydrogen trapping [102,104] by ﬁlling up the
traps, there was nevertheless still some trapping. At a more posi-
tive potential, less hydrogen was generated, and due to the trap-
ping, the apparent hydrogen diffusion coefﬁcient was somewhat
lower. This inﬂuence of trapping decreased with increasingly neg-
ative applied cathodic potential. At more negative potentials, many
H atoms were generated, therefore, the trapped ones would have a
lower inﬂuence on the evaluated lattice diffusion coefﬁcient. At
1.700 VAg/AgCl, the average value was about 7.5  105 cm2 s1Influence of Hydrogen on Metallic Components for Clean Energy                                     Qian(L = 0.76 mm), which can be considered as the real diffusivity of
hydrogen in the low interstitial steel at room temperature. Similar
values were measured with the thicker specimen, L = 0.88 mm.
The data related to the charging current density are presented
in Figs. 10 and 11. Fig. 10 shows that the hydrogen solubility, CH
calculated using Eq. (7), increased approximately linearly with
the square root of the charging current density,
p
ic. This agreed
with the theoretical expectation, and the results from other
researchers [35,79,121]. Eq. (7), and the linear relationship in
Fig. 10 between CH and
p
ic, indicated that the steady-state hydro-
gen permeation rate, i1  L, should be proportional to the
p
ic, as
was indeed the case, as presented in Fig. 11. The ﬁtted line to the
data of Fig. 11 was
i1  L ¼ 0:20þ 0:45
ﬃﬃﬃ
ic
p
; ð46Þ
Fig. 12 presents the experimentally determined relationships
between i1 and g from the two steel specimens. There was a turn-
ing point at about g = 0.35 V. The relationship between ln i1 and
gwas linear both below and above this turning point. The slopes of
each line were 5.94, 1.12 and 1.75, respectively, for k1, k2 and
k3 in Fig. 12. Similar data were reported by Bockris et al. [79],
which were also plotted in Fig. 12. They attributed the turning Liu, December 2014 Page 105
Fig. 12. The steady-state hydrogen permeation rate, i1 (lA cm2), versus the
overpotential, g (V), for the low interstitial steel (triangles and squares). The data
were obtained using the 0.1 M NaOH solution in the input side of the permeation
cell. The circles represent data from Bockris et al. [79] in the same solution.
250 Q. Liu et al. / Corrosion Science 87 (2014) 239–258point at 1.02 VNHE (g = 0.275 V) to the change of mechanisms of
hydrogen evolution. At lower overpotentials, the mechanism was
considered to be the coupled discharge-recombination mechanism
(the slope of the linear relationship of ln i1 and g (V), K1, was about
9.54); whereas at higher overpotentials, the mechanism was con-
sidered to have changed to a slow discharge–fast electrochemical
mechanism (K2, about 1.74).
Fig. 13 presents the relationship between ic and g. There was
also a turning point, at about g = 0.35 V, consistent with the data
presented in Fig. 12. The ﬁtting lines were as follows:
ln ic ¼ 2:19 10:6g; jgj < 0:35 V ; ð47Þ
ln ic ¼ 0:750 3:04g; jgj > 0:35 V; ðL ¼ 0:76mmÞ; ð48Þ
ln ic ¼ 0:503 2:94g; jgj > 0:35 V; ðL ¼ 0:88 mmÞ; ð49Þ5.2. Hydrogen fugacity
Following the theoretical approach outlined above, the equiva-
lence of electrochemical charging to gas phase charging was estab-
lished from ﬁtting the steady state permeability current to Eq. (9).
Fig. 12 shows the determined relationship of between i1 and g. For
low overpotential values, (|g| < 0.35 V), @ln i1
@g 	 5:94. Since F =
96485 C mol1 and T = 296 K, fwas calculated to be 3.30 accordingFig. 13. The charging current density, ic (mA cm2), on the input side of the low
interstitial steel specimen versus overpotential, g (V). The data were obtained using
the 0.1 M NaOH solution in the input side of the permeation cell.
Influence of Hydrogen on Metallic Components for Clean Energy                                     QEq. (9), and A was calculated to be 15.36 atm. The hydrogen fugac-
ity could be expressed as:
fH2 ¼ 15:36 exp 
gF
3:30RT
 
; for jgj < 0:35 V: ð50Þ
At high overpotentials, i.e. |g| > 0.35 V, there were data for two
thicknesses. For L = 0.76 mm, @lni1
@g 	 1:75, then f and Awere 11.20
and 443.7 atm, respectively. The hydrogen fugacity was given by:
fH2 ¼ 443:7exp 
gF
11:20RT
 
: ð51Þ
For L = 0.88 mm, @lni1
@g 	 1:12, then f was 17.50 and A was
676.2 atm.
fH2 ¼ 676:2exp 
gF
17:50RT
 
: ð52Þ
The differences in the fugacity values for the two thicknesses
were attributed to slight differences in surface state on the input
side of the low interstitial steel specimen. Figs. 6a–c indicated that
the pre-charging caused signiﬁcant changes at the input side of the
permeation specimen, and it is not unreasonable to expect slight
differences in the surface state from specimen to specimen.
The average value was given by:
fH2 ¼ 560exp 
gF
14:35RT
 
; for jgj > 0:35 V; ð53Þ
Under the most severe charging condition in the 0.1 M NaOH
solution, the calculated hydrogen fugacity, f H2 , according to Eq.
(53) at an overpotential of 0.900 V was 
6500 atm.
6. Results – 0.1 M Na2SO4 solution6.1. Permeation transients
Fig. 14 presents the hydrogen permeation current density ver-
sus time of hydrogen charging at 1.400 VAg/AgCl at the entry side
of the low interstitial steel permeability specimen in the acidiﬁed
pH 2 0.1 M Na2SO4 solution. After 
10 h charging, the permeation
rate had become relatively stable at about 4.25 lA cm2. The
spikes on the permeability current density of Fig. 14 represent
the permeability measurements showed in Fig. 15.
Fig. 15 presents a typical transient loop after 21 h charging at
1.400 VAg/AgCl at the entry side of the low interstitial steelFig. 14. Hydrogen permeation current density versus time of cathodic polarisation
at 1.400 VAg/AgCl of the low interstitial steel specimen in the acidiﬁed pH 2 0.1 M
Na2SO4 solution. The magniﬁed view of the transients after 21 h charging are
presented in Fig. 15.
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Fig. 15. Hydrogen permeation transients for a low interstitial steel at different
cathodic potentials in the pH 2 0.1 M Na2SO4 solution on the charging side after
charging at 1.400 VAg/AgCl for 21 h: P1: 1.200 VAg/AgCl; P2: 1.300 VAg/AgCl; P3:
1.400 VAg/AgCl; P4: 1.500 VAg/AgCl; P5: 1.600 VAg/AgCl; and P6: 1.700 VAg/AgCl.
Fig. 16. The hydrogen concentration, CH (mol m3), at the entry side for a low
interstitial steel specimen versus the square root of cathodic charging current
density, ic (mA cm2) at the entry side. The data were obtained in the pH 2 0.1 M
Na2SO4 solution.
Fig. 17. The steady-state hydrogen permeation rate, i1 (lA cm2), for a low
interstitial steel specimen versus the square root of cathodic charging current
density, ic (mA cm2). The data were obtained using the pH 2 0.1 M Na2SO4 solution
Q. Liu et al. / Corrosion Science 87 (2014) 239–258 251permeability specimen. The trend was that the permeation current
density increased with the increasingly negative potential at the
entry side of the low interstitial steel permeability specimen. This
was similar to that in the 0.1 M NaOH solution. The ﬁtting values of
DH are listed in Table 4. CH was evaluated using Eq. (7). The average
value of DH was 4.42 ± 0.4  105 cm2 s1, almost half smaller than
that ideal lattice diffusion coefﬁcient. With charging time, the sur-
face colour on the entry side changed from silver mirror to brown
mirror to black. Therefore, the decrease in the DH could have been
caused by the changed surface condition. There might be a corro-
sion products layer on the surface during the long cathodic charg-
ing in the acidic solution [94]. There was no other feasible
explanation as the specimen was the same steel as for the experi-
ments in the 0.1 M NaOH solution, the Pd coating on the exit side
was the same, and the solution on the exit side was the same as
previously. The only difference was on the entrance side of the
specimen.
Figs. 16 and 17, respectively, show that there were again linear
relationships between CH or i1 and
p
ic.Table 4
DH and CH values for the low interstitial steel from permeability experiments such as
those illustrated in Fig. 15 using a charging solution of acidiﬁed pH 2 0.1 M Na2SO4
solution, L = 0.75 mm, F = 96,485 C mol1, T = 296 K. Permeability experiments were
started after charging at 1.400 VAg/AgCl for 48 h.
Potential (VAg/AgCl) i1 (lA cm2) D (cm2 s1) CH (mol m3)
1.200 9.30 4.61  105 4.45  102
1.200 9.26 4.67  105 4.37  102
1.200 9.31 4.80  105 4.27  102
1.200 9.16 4.71  105 4.29  102
1.200 9.30 4.84  105 4.23  102
1.200 9.26 4.95  105 4.12  102
1.200 9.22 4.59  105 4.42  102
1.200 9.16 4.69  105 4.30  102
1.200 9.16 4.64  105 4.35  102
1.200 9.07 4.48  105 4.46  102
1.400 13.82 3.82  105 7.96  102
1.400 13.65 4.08  105 7.37  102
1.500 16.05 4.02  105 8.78  102
1.500 15.92 4.17  105 8.40  102
1.600 18.11 4.26  105 9.37  102
1.600 18.06 4.34  105 9.16  102
1.600 17.99 4.26  105 9.29  102
1.700 19.86 4.01  105 1.09  101
1.700 19.65 4.24  105 1.02  101
1.700 19.61 4.24  105 1.02  101
Average 4.4 ± 0.4  105
in the input side of the permeation cell.
Fig. 18. The steady-state hydrogen permeation rate, i1 (lA cm2), for a low
interstitial steel specimen versus the overpotential, g (V). The data were obtained
using the pH 2 0.1 M Na2SO4 solution in the input side of the permeation cell.
Influence of Hydrogen on Metallic Components for Clean Energy                                     QianFig. 18 presents the relationship between i1 and g for high
overpotentials. The data of Fig. 18 extrapolated to low permeability
current densities for low values of overpotential, so there did not Liu, December 2014 Page 107
Fig. 19. The charging current density, ic (mA cm2), on the input side for a low
interstitial steel specimen versus overpotential, g (V). The data were obtained using
the pH 2 0.1 M Na2SO4 solution in the input side of the permeation cell.
252 Q. Liu et al. / Corrosion Science 87 (2014) 239–258appear to be a turning point for the permeability data in the acid-
iﬁed pH 2 0.1 M Na2SO4 solution, in contrast to the data in the
0.1 M NaOH solution shown in Fig. 12. There was a linear relation-
ship between ln i1 and g, consistent with expectations from the
theoretical evaluation described above. This could be expressed
as follows.
ln i1 ¼ 0:086 1:19g ð54Þ
Fig. 19 indicated a linear relationship between ln ic and g with
the following line of best ﬁt:
ln ic ¼ 0:541 2:71g ð55Þ6.2. Hydrogen fugacity
The hydrogen fugacity during electrolytic charging was evalu-
ated from the relationship between i1 and g. According to
Fig. 18, @ln i1
@g ¼ 1:19, then f was 16.4 calculated using Eq. (9);
and A was 10.9 atm. The hydrogen fugacity was given by:
fH2 ¼ 10:9exp 
gF
16:47RT
 
ð56Þ
Note that the hydrogen fugacity determined as Eq. (56) used the
experimentally determined value of DH as measured in the 0.1 M
NaOH solution, rather than that determined in the acidiﬁed pH 2
0.1 M Na2SO4 solution, because it appears that the value deter-
mined in the acidiﬁed pH 2 0.1 M Na2SO4 solution was lower than
it should be because of some surface impediment on the input side
of the permeability specimen. The actual permeability inside the
specimen was expected to be the same as for the permeability
experiments in the 0.1 M NaOH solution.
Under our most severe charging condition in the acidiﬁed pH 2
0.1 M Na2SO4 solution, the calculated hydrogen fugacity, f H2 ,
according to Eq. (56), was about 290 atm.
7. Discussion
7.1. Virgin surface
The experiments with the virgin surface showed that reproduc-
ible permeability transients were not produced, and moreover,
there was no agreement with Eq. (3) using virgin low interstitial
steel specimens in the acidiﬁed pH 2 0.1 M Na2SO4 solution; that
is for specimens that were not pre-charged for a substantial period
of time. The transient behaviour was consistent with surfaceInfluence of Hydrogen on Metallic Components for Clean Energy                                     Qoxides/hydroxides causing impediment to hydrogen entry, and
the amount of surface coverage to be changing with cathodic
charging time due to the reduction of surface oxide/hydroxide.
Since the charging condition was changing, the results obtained
were unrepeatable. These effects were not studied in detail
because reproducible results were obtained after long-term
pre-charging was adopted.7.2. Validity of approach
The approach presented herein to determine the hydrogen
fugacity during electrolytic charging requires a number of condi-
tions to be met. It is useful to consider these conditions.
Central to the approach is the Nernst equation, Eq. (3), which
relates hydrogen fugacity to overpotential. The Nernst equation
is a central thermodynamic foundation to electrochemical theory.
The proper formulation of the form of the Nernst equation requires
an understanding of the steps of the hydrogen evolution reaction
given in Eqs. 10–12.
The other major conditions are (i) that there is equilibrium
between the hydrogen released by the electrochemical reaction
at the steel surface, and the hydrogen dissolved in the steel at
the steel surface, and that (ii) there are ideal permeation transients.
Equilibrium is expected as the hydrogen is evolved at the metal
surface, and so can easily enter into the steel. However, oxides
(or other compounds) on the steel surface could cause surface
impedance to the hydrogen entry. If these conditions are realised,
then Eq. (8) indicates that the plot of ln i1 and g is linear. In this
research, the permeation transients presented in Figs. 8, 9a–d
and 15 after prolonged charging where close to ideal transients
in that they were well ﬁtted to Eqs. (43) and (44), see Figs. 9a–d.
Moreover, Fig. 12 indicated that, in each case, there was a turning
point with increasing overpotential. Nevertheless, the plot of ln i1
versus g was linear both below and above the turning the point.
The change in the slope of the ln i1 versus g line was ascribed to
the change in the hydrogen evolution mechanism [79]. Further-
more, the prolonged pre-charging would be expected to reduce
surface oxides to a stable condition.
In addition, the values of the diffusion coefﬁcient listed in
Tables 2 and 3 were in good agreement with literature values for
pure iron. These values were measured after prolonged hydrogen
charging in the 0.1 M NaOH solution, and after repeated transients
to ﬁll up the existing hydrogen traps.
Thus, the experimental data indicated good compliance with
the necessary conditions for applicability of the approach after
prolonged hydrogen charging in the 0.1 M NaOH solution.
Compliance with the necessary conditions was also good after
prolonged pre-charging in the acidiﬁed pH 2 0.1 M Na2SO4 solu-
tion, although the value of the measured diffusion coefﬁcient
was somewhat smaller, see Table 4. This was attributed to some
surface impediment to hydrogen entry in this solution, and was
conﬁrmed by visual inspection of the sample surface aspect evolu-
tion during the permeation test. Once the hydrogen was inside the
steel, permeation would have occurred as for the steel in the 0.1 M
NaOH solution, and so the diffusion coefﬁcient measured for the
0.1 M NaOH solution was used in the evaluation of the hydrogen
fugacity relationship.7.3. Theoretical evaluation
The data of Bockris et al. [79] in Figs. 12 and 20 suggest values
for aa and ac of 0.4983 and 0.4537 respectively. The data from the
present work, also presented in Figs. 12 and 20, suggest values for
aa and ac of 0.3021 and 0.2673. This appears to be an entirely
reasonable explanation for what occurred.ian Liu, December 2014 Page 108
Fig. 20. The relationship between hydrogen fugacity, fH2 , and overpotential, g (V),
evaluated from permeability transients for the low interstitial steel in (i) 0.1 M
NaOH solution, and (ii) acidiﬁed pH 2 0.1 M Na2SO4 solution in the input side of the
permeation cell. The valued pertaining to the open circles were calculated from the
Bockris et al. [79] permeation data in the 0.1 M NaOH solution.
Q. Liu et al. / Corrosion Science 87 (2014) 239–258 253In general, the change in Tafel slope at overpotential values
larger than the inﬂection overpotential g, implies an additional
electrochemical reaction mechanism. It is clear from historical data
that this can be explained by reaction C becoming active at large
overpotentials, but having a smaller charge transfer coefﬁcient
than reaction A. The necessary difference is not large, and similar
differences have been reported between overpotentials for the
same reaction on different substrates [122]. In this case, the differ-
ent substrate is the adsorbed hydrogen species instead of virgin
metal.
There are no other readily apparent mechanisms to describe the
change in Tafel slope. The exponential relation to overpotential
implies an electrochemical component. Non-chemical reactions,
or other behaviour hindering the reaction could reduce the slope
of the curve, but would likely produce slopes that do not follow a
consistent log-linear proﬁle. Limitations of sites for reaction on
the metal surface, caused by e.g. the formation of bubbles or other
compounds providing a ‘catalytic-poisoning’ to the overall reaction
mechanism would manifest as a limiting current and a transition
from the Tafel slope towards that limiting current. Similarly trans-
port-limited behaviours such as slow diffusion of hydrogen to the
surface are unlikely to follow log-linear behaviour in response to
an increase in overpotential.
The behaviour cannot be described by any reverse electrochem-
ical reactions as their rates become negligible as the overpotential
increases.
In terms of formation of other species on the surface, it cannot
be explained by consumption of additional current/charge on for-
mation of additional surface species, such as e.g. metal hydrogen
complexes at different valence or metal-oxide-hydrogen com-
plexes, as the formation of additional species would increase the
slope of the relation between current and overpotential, which
was not observed.
In this work there was a linear relationship between the steady
state permeation current density, i1, and the square root of the
current density of hydrogen evolution on the specimen surface,p
ic, see Fig. 6b, Figs. 11 and 17. Similar relationships were mea-
sured by Bockris et al. [79]. This indicated that the measurements
of the steady state permeation current density, i1, also provided
information on the hydrogen evolution reaction that occurred on
the input side on the permeability specimen. In particular, it was
possible to say that there were no additional electrochemical reac-
tions on the input surface of the permeability specimen. The reac-
tions were comprised totally by (A), (B), and (C). Nevertheless, asInfluence of Hydrogen on Metallic Components for Clean Energy                                     Qianalso discussed above, there was also the transfer of hydrogen
adsorbed atoms into the bulk of the steel by Eq. (13). Moreover,
as discussed above, the surface state clearly had an inﬂuence as
was evident from the somewhat different behaviour in the acidi-
ﬁed pH 2 0.1 M Na2SO4 solution and in the 0.1 M NaOH solution
as is evident from a comparison of Figs. 12 and 18, and from
Fig. 20. In addition, the true surface area of the specimen exposed
to the solution can be different to the exposed surface area
(because of surface coverage by oxides/hydroxides to a greater or
lesser degree after cathodic charging), but this was not considered
by Bockris and co-workers [79], [81]. But there was no signiﬁcant
amount of current associated with Fe oxidation, or the reduction
of Fe oxides, or other conceivable side reactions.
7.4. Hydrogen fugacity
Fig. 20 presents the relationship of hydrogen fugacity with
overpotential in the two solutions calculated according the above
method: (i) in the 0.1 M NaOH pH 12.6 solution given by Eqs.
(50) and (53), and (ii) in the acidiﬁed pH 2 0.1 M Na2SO4 solution
given by Eq. (56). In each solution, at any overpotential value, there
was some spread of the calculated values of fugacity as is clear
from the data in Fig. 12. This spread is attributed to the accuracy
of the evaluations of the fugacity, but may also be an inherent fea-
ture for steels as it is conceivable that there can be different true
surface areas at a particular cathodic charging condition. The rela-
tion for fugacity is an exponential function, and small errors in the
evaluated value of f lead to large variations in the fugacity.
Fig. 20 also includes the fugacity evaluated from the results of
Bockris et al. [79] given by Eqs. (15) and (16). That work by Bockris
et al. [79] used a virgin surface, and their results were consistent
with f = 2, as expected from Bockris and Subramanyan [81] for
the hydrogen evolution reaction by coupled electrochemical dis-
charge–chemical recombination. In contrast, the results herein
were obtained after signiﬁcant pre-charging. The permeation cur-
rents were signiﬁcantly larger, consistent with a higher hydrogen
concentration, CH, on the input side of the permeation specimen,
and consistent with a higher hydrogen surface coverage because
of less oxide on the surface. The calculated value of f herein was
f = 3.30 for the hydrogen fugacity in the 0.1 M NaOH pH 12.6 solu-
tion. The higher value of f, or the lower value of the slope of i1 ver-
sus g in Fig. 12, is consistent with the higher hydrogen surface
coverage allowing for some electrochemical hydrogen discharge
by Eq. (12). It is also conceivable that the higher values of the per-
meation current density and the higher values of CH, measured in
this work compared with those of Bockris et al. [79] was due to
some activated surface state as proposed by Bockris et al. [79].
The hydrogen fugacity developed in the experiments of Bockris
et al. [79] was lower than that developed in the present experi-
ments. The actual fugacity developed can be related to the surface
hydrogen coverage of the active surface sites. The results of Bockris
et al. [79] are understandable by considering a modest hydrogen
surface coverage, but a low hydrogen surface coverage of available
sites, and there were relatively fewer available sites because a large
number of the surface sites were blocked by surface oxide.
In this context, the research of Flis et al. [103] is relevant. They
systematically studied the reasons for the signiﬁcant increase in
permeability current for iron after long time cathodic charging.
They observed that atomic force microscopy (AFM) images of the
iron surface after short time cathodic charging contained blurred
images of the grinding marks. They attributed the blurred nature
of the image to the air-formed surface oxides. After cathodic charg-
ing, particularly corresponding to the maximum of the permeabil-
ity rate, the groves appeared sharp, attributed to the partial
removal of oxides by cathodic reduction, and cathodic deposition
of iron species. They maintained that sharpening of the grooves Liu, December 2014 Page 109
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that there might be a change of binding of the hydrogen to the
surface of the metal, which it would seem would need to be
reﬂected in a change in the hydrogen evolution energetics as
proposed by Bockris et al. [79].
The data in Fig. 20 show that at the same overpotential, the
hydrogen fugacity was higher in the pH 12.6 solution than that
in the pH 2 solution. The difference may be due to the following
two reasons.
The hydrogen adsorption mechanism is different in the two
solutions. The hydrogen adsorption step may proceed through
the following step in the acid (Eq. (57)) or alkaline solutions
(Eq. (10)) [116]:
H3O
þ þMþ e!M Hads þH2O ðin acid solutionsÞ ð57Þ
These two reactions need different activation energies, leading
to that even at the same overpotential, the reaction rates were
different in the two solutions.
On the other hand, according to Pourbaix [95], SO42 can be
reduced to H2S at negative potentials in the pH 2 solution. How-
ever, since negative potentials were applied on the sample, the
double layer on the sample surface would be expected to consist
of positive ions, like H3O+, instead of SO42 ions, which would tend
to aggregate at the counter electrode, where SO42 ions were stable.
Therefore, this is not considered as a reason for the different fugac-
ity in two solutions.
The hydrogen fugacity in the two solutions can be inﬂuenced
differently by the condition of the surface in each solution. The
specimen surface subjected to long-term charging in the pH 12.6
solution was brown, while it was black in the pH 2 solution. This
indicates that after long-term charging, both surface conditions
were different from the original condition. Presumably, the chan-
ged surface, or the products precipitated on the surface, could
inﬂuence the hydrogen absorption, and further inﬂuence the
hydrogen fugacity under the entry sub-surface of the membrane.
Nevertheless, the calculated hydrogen fugacity indicated that at
the most severe charging condition (in the 0.1 M NaOH solution or
in the acidiﬁed pH 2 0.1 M Na2SO4 solution) the hydrogen fugacity
was 
6500 atm.7.5. Alternative approaches
A substantial portion of the hydrogen embrittlement literature
has employed hydrogen charging at constant current density
[5,7,8,16,22,27,31,34,38,48,71,72] rather than constant potential
[28,51–53,55,57,79]. As mentioned in the introduction, the Nernst
equation is a relationship between the overpotential and the fugac-
ity. It is more direct and clear to use potential charging than
current density charging in this case. On the other hand, it is to
some extent an issue to assign preference to control the potential
rather than current. In any case, there is a relationship between
the two. Potential has been considered as the primary controlling
variable herein following Atrens et al. [78] based on [79–81].7.6. Hydrogen embrittlement testing
What is the applicability to hydrogen embrittlement testing of
the hydrogen fugacity values evaluated in Fig. 20 for conditions
of static hydrogen entry in an electrolytic permeability cell?
Hydrogen embrittlement testing is inherently slow, because it is
necessary to allow sufﬁcient time for the hydrogen to enter the
steel, and to diffuse to the region where embrittlement occurs. Also
it is not uncommon for there to be hydrogen pre-charging before
the test to try to ensure a uniform hydrogen distribution at the
start of the test. For example, our prior tests [42] involvedInfluence of Hydrogen on Metallic Components for Clean Energy                                     Qpre-charging for 24 h, and tests durations were from 1 to 4 days.
Under such conditions, the present results are directly applicable.
Moreover, the dynamic straining inherent in the Linearly
Increasing Stress Test (LIST) [42,48,50,53,54,57,61,123] and the
Constant Extension Rate Test (CERT) [35,62,67,124] are likely to
cause the rupture of any surface oxide ﬁlms, causing direct access
of the charging solution to the steel, and facilitating hydrogen
entry into the steel. In particular, the long time pre-charging
adopted herein was consistent with a higher surface area facilitat-
ing a greater amount of hydrogen in the steel surface. Similarly,
LIST and CERT would also provide strain to break surface oxides
and to expose un-oxidised steel directly to the charging conditions,
and it would be expected that this would also lead to high hydro-
gen concentrations as measured herein due to the long time catho-
dic pre-charging.
These considerations mean that the hydrogen fugacity values of
Fig. 20 are applicable to such hydrogen embrittlement testing.
However, the values of hydrogen fugacity as determined herein
by Eqs. 50, 53, and 56 are under-estimates because it is necessary
to also consider the inﬂuence of stress on hydrogen solubility and
diffusivity. The existing literature [101,119,125] indicates that an
elastic stress increases the hydrogen solubility, and has no inﬂu-
ence on the hydrogen diffusivity. This elastic stress state is the
stress state to a ﬁrst approximation in a LIST and a CERT until
the onset of plasticity. Plastic strain can cause hydrogen transport
associated with the movement of dislocations [126–130] and can
enhance hydrogen trapping [125,126,128–132].
7.7. Low interstitial steel
At the outset of this research, it was considered that the low
interstitial steel (i.e. essentially pure iron) would be a good model
material. There was the expectation that the hydrogen evolution
reaction on the pure iron surface is essentially the same as on a
steel surface. The results reported herein indicate that the hydro-
gen fugacity depends sensitively on the surface state. This means
that it is not clear that the hydrogen fugacity on an alloy steel sur-
face would be the same as measured herein on the low interstitial
steel under similar circumstances. In addition, the quenched and
tempered microstructure might provide a surface substantially dif-
ferent to the pure large-gained ferrite used herein. Experiments
similar to those reported on herein are necessary using steel spec-
imens. That research is beyond the scope of the present research.
7.8. Pre-charging
It is also worth noting that Fig. 20 shows that the hydrogen
fugacity was different with or without pre-charging.
The use of a virgin surface led to irreproducible results in the
research carried out herein, whereas Brockris et al. [79] measured
reproducible permeation transients at low overpotentials, and also
reported results consistent with those reported herein at high
overpotential values. In contrast, the permeation transients were
found herein to be reproducible after signiﬁcant pre-charging.
Moreover, long term pre-charging is more like that in a long term
testing for the evaluation of hydrogen embrittlement using long
term testing using LIST [42,48,50,53,54,57,61,123] or CERT
[35,62,67,124].
7.9. Literature data
Fig. 21 shows the relationship between hydrogen fugacity (eval-
uated applying the above methodology to the data of Bockris et al.
[79]) for pure iron for low values of overpotential in 0.1 N H2SO4
with various additions of KI. The hydrogen fugacity was evaluated
to be:ian Liu, December 2014 Page 110
Fig. 21. Relationship between hydrogen fugacity (evaluated applying the above
methodology to the data of Bockris et al. [79]) for pure iron for low values of
overpotential in 0.1 N H2SO4 with various additions of KI, compared with our
evaluation of the relationship between hydrogen fugacity, fH2 , and overpotential, g
(V), evaluated from permeability transients for low interstitial steel specimens in
the acidiﬁed pH 2 0.1 M Na2SO4 solution in the input side of the permeation cell.
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gF
2:16RT
 
; for no KI; ð58ÞfH2 ¼ 3:97 exp 
gF
2:42RT
 
; for 104 M KI; ð59ÞfH2 ¼ 5:14 exp 
gF
2:23RT
 
; for 5 104 M KI; ð60ÞfH2 ¼ 44:5exp 
gF
2:41RT
 
; for 102 M KI; ð61Þ
The Tafel slopes were essentially the same in each case, with
f 
2, consistent with hydrogen evolution largely by coupled elec-
trochemical discharge–chemical recombination (i.e. coupled Eqs.
(10) and (11)). The increasing magnitude of the fugacity with KI
concentration is consistent with an increasing real surface area
for the hydrogen evolution reaction. This is consistent with the fact
that an increasing permeation current at any hydrogen evolutionFig. 22. Relationship between hydrogen fugacity (evaluated applying the above
methodology to the data of Bockris et al. [79]) for pure iron in 0.1 M NaOH solution
with various additions of KCN, compared with our evaluation of the relationship
between hydrogen fugacity, fH2 , and overpotential, g (V), evaluated from perme-
ability transients for low interstitial steel specimens in the 0.1 M NaOH solution in
the input side of the permeation cell.
Influence of Hydrogen on Metallic Components for Clean Energy                                     Qiancurrent was measured with increasing KI concentration. Alterna-
tively there could be an increase in the equilibrium of Eq. (13),
whereby there was a higher value of dissolved hydrogen for the
same amount of adsorbed hydrogen in the presence of KI. In the
acid solutions of low pH where iron oxides are not stable, this sec-
ond explanation seems more likely, as was also suggested by Boc-
kris et al. [79].
Fig. 22 shows the relationship between hydrogen fugacity (eval-
uated applying the above methodology to the data of Bockris et al.
[79]) for pure iron in 0.1 M NaOH solution with various additions
of KCN. The relationship for no KCN is given in Eqs. (15) and
(16). In the presence of KCN, the hydrogen fugacity is given by:
fH2 ¼ 0:417 exp 
gF
2:82RT
 
; for jgj < 0:35 V: ð62ÞfH2 ¼ 27:8exp 
gF
17:1RT
 
; for jgj
> 0:35 V; and for 1:6 104 M KCN; and ð63ÞfH2 ¼ 14:0exp 
gF
7:08RT
 
; for jgj > 0:35 V; and for0:1M KCN:
ð64Þ
The data for low overpotential in terms of increasing fugacity
are given by Eq. (15) for no KCN, Eq. (62) for KCN, and Eq. (50)
for our data. These show increasing values of the pre-exponential
factor A, and increasing values of f. This is consistent with increas-
ing real surface area, and also a slight but increasing contribution
from electrochemical desorption.8. Conclusions
1. With a virgin surface, without pre-charging, there were irregu-
lar permeation transients, attributed to changing and irrepro-
ducible surface conditions.
2. Cathodic pre-charging conditioned the entry side of the low
interstitial steel to a stable state, leading to reproducible per-
meability transients.
3. The hydrogen fugacity during electrochemical charging condi-
tions was determined as Eqs. (50) and (53) for the 0.1 M NaOH
solution, and as Eq. (56) for the acidiﬁed pH 2 0.1 M Na2SO4
solution.
4. The lower slope of the hydrogen fugacity versus overpotential
relationship at higher overpotentials in the 0.1 M NaOH solu-
tion is only explicable by different charge transfer coefﬁcients
for (i) the electrochemical discharge of hydrogen from a water
molecule at the steel surface, and (ii) electrochemical desorp-
tion of a hydrogen atom adsorbed on the steel surface.
5. At the same overpotential, the hydrogen fugacity in the pH 12.6
solution was higher than that in pH 2 solution, attributed to dif-
ferences in the hydrogen evolution reaction and differences in
the surface state of the low interstitial steel in the two
solutions.
6. Under the most severe charging condition, which was in the
0.1 M NaOH solution, the hydrogen fugacity was 
6500 atm
at an overpotential of 0.900 V.Acknowledgement
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Abstract 
Hydrogen trapping was investigated in a 3.5NiCrMoV quenched and tempered 
martensitic steel by means of hydrogen permeation experiments. The lattice diffusion 
coefficient was 1.29 × 10
-6 
cm
2 
s
-1
 for this 3.5NiCrMoV. Two methods ((i) Dong’s model and 
(ii) permeation partial transients) were used for the evaluation of the density of traps. The 
results from both methods indicate (i) trapping effect was more significant at a less negative 
potential and (ii) the total density of traps influencing hydrogen diffusion between -1.700 
VAg/AgCl and -1.100 VAg/AgCl was in the magnitude of 10
18 
sites cm
-3
.  
Keywords: Steel, Hydrogen permeation, Potentiostatic 
1. Introduction 
Hydrogen diffusion is a concentration-driven process, in which hydrogen atoms hop 
between interstitial lattice sites. The rate of hydrogen hopping is hindered if hydrogen atoms 
are trapped by microstructure sites, such as grain boundaries, vacancies, and interfaces 
between the matrix and inclusions or particles [1, 2]. The influence of each trap site depends 
on its number density and its binding energy. Traps are either irreversible or reversible. A site 
with a large activation energy is an irreversible trap. An example is a dislocation core [3-5]. 
Hydrogen atoms trapped by these sites are non-diffusible hydrogen. A reversible trap is one 
from which a hydrogen atom can jump out of due to fluctuations in thermal energy. Examples 
include the elastic field near an edge dislocation [6-8], and semi-coherent precipitates [5]. 
Hydrogen atoms in these sites are diffusible, having an influence on the effective hydrogen 
diffusivity. Hirth [9] suggested that reversible traps for hydrogen strongly influence hydrogen 
*Manuscript
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Influence of Hydrogen on Metallic Components for Clean Energy                                     Qian Liu, December 2014 Page 117
zSt572s-1120.docx Page 2 of 14 2014-08-04 
embrittlement (HE), and that a material with finely distributed irreversible traps is less 
susceptible to HE.  
The research aim was to study the density of reversible traps in 3.5NiCrMoV steel, in 
order to achieve a deeper understanding of the performance of the steel in H environment.  
Two different methods were used to evaluate the density of traps, and two different 
designations were used, NT
*
 and NT, in order to differentiate the method by which the density 
of traps was determined. 
Flis et al. [10] and Flis-Kabulska [11] found that there can be a significant influence from 
the change in surface condition during electrochemical hydrogen charging. Qian et al.[12] 
observed a similar effect in the permeation current density during charging for low interstitial 
iron. It was found that long term pre-charging could condition the surface to a relatively 
stable state, eliminating the surface influence on hydrogen diffusion. Atrens et al. [13] and 
Zakroczymski [14] indicated that a succession of rise transients could minimise the influence 
of trapping, so that the subsequent rise transients mainly reflected diffusion control. Decay 
transients in contrast always have an influence of trapping, and the influence of traps can be 
estimated by a comparison of a measured decay transient and a theoretical decay transient. 
Thus, the density of traps, NT
*
 (sites cm
-3
) for each charging condition, can be evaluated 
[14, 15] from the difference in area between each theoretical decreasing permeation transient, 
and the experimental transient. This measures the trap density that is emptied between those 
two charging conditions, rather than the absolute number of traps available in the steel. 
Taking the simplest case, if it is assumed that there is only one type of hydrogen trap, the 
density of traps is given by:  
  
  
             
 
,                                                                                                                 (1) 
where ∆c (A•s cm-2) is the difference between the measured permeation transient and the 
theoretical permeation transient with no traps, and L (cm) is the thickness of the specimen, 
assuming that each trap holds one hydrogen atom, and because 1 A•s (which equals 6.24 
×10
18
 e) can be considered as 6.24 ×10
18
 traps (or sites). Then, the concentration of traps (mol 
m
-3
) for each charging condition is given by 
  
  
  
 
  
.                                                                                                                                  (2) 
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where NA = 6.02 × 10
23
 mol
-1
 is the Avogadro’s constant, which is the number of available 
sites per mol.  
Araújo et al. [16] critically reviewed the mathematical models for determining the  
density of hydrogen trapping sites in steels, NT, including: (i) the model proposed by Oriani 
[17] and refined by Yen and Huang [18], and (ii) the model proposed by Dong et al. [19]. The 
latter model seems more reasonable since it involves the binding energy, even though only 
one type of trap is considered. The model proposed by Dong et al. [19] indicates that the 
density of traps, NT, is given by: 
       
  
    
         
  
  
 ,                                                                                           (3) 
where NL is the density of interstitial sites in the steel, DL is the lattice diffusion coefficient of 
hydrogen; Deff is the effective hydrogen diffusion coefficient in the presence of traps; Eb is 
the hydrogen trap binding energy, which can be evaluated from the TDS spectra [8, 20-27]; R 
is the universal gas constant; and T is the absolute temperature. This model was derived from 
the following equation [17, 25, 26], by assuming one dominant reversible trap: 
      
  
   
  
  
     
  
  
 
,                                                                                                              (4) 
This approach also evaluates the traps available at the particular charging conditions 
applicable during evaluation, rather than the absolute value of the number of traps in the steel. 
The aim of this paper was to explore the evaluation of the density of reversible traps (i) 
NT using Dong’s model [19],  and (ii) NT
*
 using permeation partial transients.  
2. Experimental Methods 
2.1 Permeation tests 
The permeation cell was based on the Devanathan-Stachurski two-component 
electrolytic permeability cell [28], as illustrated in Fig. 1 [12], and as described previously 
[12]. The 0.1 M NaOH solution (~pH 12.6), made using analytic grade reagents and distilled 
water, was used in both sides of the permeation cell. Tests were performed at room 
temperature, 23 ± 2 °C. 
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The test material was 3.5NiCroMoV, a quenched and tempered martensitic steel. The 
composition is presented in Table 1. The thickness of the sample was 0.091 cm. The entry 
(cathodic, left) side of the specimen was polished to a mirror finish (3 μm diamond), whilst 
the exit side was electrolytically Pd-plated, as described previously [12]. 
Successive permeation transients (such as a rise transient from -1.500 VAg/AgCl to -1.700 
VAg/AgCl, and then a decay transient back to -1.500 VAg/AgCl) were measured after 24 h pre-
charging at -1.700 VAg/AgCl on the entry side. Pre-charging was important since previous work 
[10, 12, 14, 29] indicated that long-term cathodic polarisation at negative potentials 
eliminated surface effects, by stabilising the surface. A transient loop from -1.700 VAg/AgCl to 
-1.100 VAg/AgCl and back to -1.700 VAg/AgCl was also measured.  
2.2 Hydrogen diffusion coefficient, D 
For a specimen with a thickness of L, the permeation transient can be expressed by the 
following equations [30, 31]: 
     
     
 
  
    
       
         
   
     ,     (rise transient)                                    (5) 
     
     
   
  
    
       
         
   
     ,     (decay transient)                         (6) 
where    is the measured permeation current density at time t,    is the initial steady-state 
permeation rate at t = 0 from the prior transient, and   is the new steady-state permeation 
current density as t →∞. In particular, for the first charging,   = 0, and for the complete 
decay,   = 0.  
Eq. 5 and Eq. 6 were used to determine the diffusivity of hydrogen though the steel 
specimen. MATLAB was used to fit the experimental permeation transients with the 
pertinent permeation equation, giving the value of D. It was clear that there was trapping in 
the first rise transient, and the decay transients. Trapping would not be expected to influence 
the steady state permeation current density, but would retard the diffusion of hydrogen [32]. 
Therefore, the value of D fitted from the above equations for these transients was designated 
as the effective diffusion coefficient, Deff, instead of the lattice coefficient, DL. For the 
subsequent rise transients, a similar value of D fitted the above equation, indicating that all 
the traps had been filled, and allowing identification of that value of D as the lattice 
coefficient, DL. 
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2.3 Hydrogen concentration, CL 
The hydrogen concentration at the entry side (lattice hydrogen), CL was evaluated from 
the steady state permeation current density, i∞, using [33]:  
   
   
   
                                                                           (7) 
where L is the membrane thickness, and F is Faraday constant (96485 C mol
-1
). The total 
hydrogen concentration at each condition in our test is defined as the sum of the influential 
hydrogen concentration trapped at reversible sites, CT, and CL. 
2.4 Trap density 
The trap density was evaluated using the two approaches discussed in the introduction. 
3. Results 
3.1 Surface effect  
Fig. 2 presents the hydrogen permeation current density versus time during pre-charging 
at the applied potential of -1.700 VAg/AgCl at the entry side, for a 3.5 NiCrMoV steel specimen 
in the 0.1 M NaOH solution. The charging started at 5384 s after the background current 
density was less than 0.1 µA cm
-2
. It took quite a long time, about 5000 s, before the 
permeation current density started to increase. The increase continued with time until peaking 
at about 16.4 µA cm
-2
 after about 18.5 h charging. Then, the permeation current density 
started to decline gradually from about 20.5 h. Flis et al [10]  and Qian et al. [12] observed 
similar phenomena. The increase in the permeation current density for the first 18.5 h was 
attributed to an increase in the real surface area of Fe in contact with the charging solution, 
due to the reduction of surface oxides. The subsequent decrease in the permeation current 
density was attributable to the growth of oxides on the entry side [10]. For a detailed study 
please consult Flis et al [10].  
Since the hydrogen permeation through the 3.5 NiCrMoV sample was slow, and because 
transients took at least 2500 s, it was hard to keep the entry surface at a completely stable 
condition throughout the test. To condition the surface, as well as to have constant 
experimental conditions, all experiments were carried out after 24 h pre-charging at -1.700 
VAg/AgCl. Moreover, after 24 h pre-charging, it was expected that all the irreversible traps in 
the specimen were filled.  
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Fig. 3a presents two typical sequential rise transients from -1.500 VAg/AgCl to -1.700 
VAg/AgCl after 24 h pre-charging. The second transient appeared to be slower than the first 
transient, with a lower steady-state permeation current density. Similarly, the decay transients 
presented in Fig. 3b showed the same trend. The lower value of the steady-state permeation 
current density for the second permeation transient was consistent with the declining 
permeation current density showed in Fig. 2, attributed to a slight change in surface condition. 
Fig. 4 presents the normalized transients presented in Fig. 3. After normalization, Fig. 4a 
shows that there was negligible difference in the two rise transients. This indicates that (i) all 
the irreversible traps had been filled without creating new voids or defects during the long-
time pre-charging [34]; (ii) the trapping effect by reversible traps was similar for both 
transients; and (iii) the surface effect on these two transients was similar. In contrast, Fig. 4b 
shows that the difference in the two normalized decay transients was significant, with the 
second decay slower at each stage, indicating a stronger retarding effect attributed to trapping.   
3.2 Hydrogen diffusion coefficient 
Fig. 5a shows that there was a good fit of the normalized rise transients from -1.500 
VAg/AgCl to -1.700 VAg/AgCl by the theoretical transient as given by Eq. 5. This indicated that 
the permeation was almost fully controlled by diffusion, and that there was negligible 
trapping. Therefore, the value of 1.29 ×10
-6
 cm
2 
s
-1
 could be considered as the lattice 
diffusion coefficient, DL, for the 3.5NiCrMoV.  
In contrast, Fig. 5b shows that the fitting of the decay transient was not as good, 
attributed to an obvious trapping effect. Table 2 presents (i) the values of hydrogen diffusion 
coefficient, Deff, obtained by fitting to the Eq. 5 and Eq. 6, and (ii) the hydrogen concentration 
at the subsurface of the entry side, C0, obtained using Eq. 7.  The fitted values of D for the 
two rise transients were essentially the same, and these are identified as the lattice diffusion 
coefficient, DL. Due to the trapping effect, the values of Deff obtained from the decay 
transients were slightly lower than DL.  
3.3 Transient loop 
Fig. 6 presents the series of permeation transients from -1.700 VAg/AgCl to -1.100 VAg/AgCl 
and back to -1.700 VAg/AgCl. One day pre-charging at the severe condition of -1.700 VAg/AgCl 
was carried out before measurement of the permeation transients, and all these transients 
were partial transients in the sense that there was a significant charging potential throughout, 
and the specimen was never allowed to discharge all the hydrogen. Consequently, it is likely 
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that (i) all the irreversible traps had been saturated, and (ii) only reversible traps influenced 
the hydrogen permeation behaviour. Therefore, the following calculation was possible for the 
density of reversible traps. The fitted values of Deff were listed in Table 3. 
4. Trap density evaluation 
4.1 From Dong et al. [19] 
Table 3 presents the values of the trap density, NT, evaluated using Eq. 3, using (i) the 
values of Deff for each transient as listed in Table 3, (ii) DL = 1.29 × 10
-6 
cm
2
 s
-1
 obtained from 
previous fitting of the two rise transients, see Table 2, (iii) the value of NL = 1.45 × 10
23
 sites 
cm
-3
, obtained for a Fe-0.45 wt% C-1.5 wt% Mo quenched and tempered martensitic steel [35] 
(this value is not available for the 3.5NiCrMoV steel), and (iv) Eb = 29 kJ mol
-1
. The value of 
Eb corresponds to a specific type of trap. The values of Eb are about 0.16 eV, 0.29 eV and 
0.59 eV [36], respectively, corresponding to interstitial sites [24, 37], reversible trapping sites 
and irreversible traps. Fallahmohammadi [15] found that the values of Eb were 28.3 kJ mol
-1
 
and 28.7 kJ mol
-1
 for X65 and F22 steels, respectively. It is believed that the values of Eb 
between hydrogen and the reversible traps are generally in the range of 24 to 30 kJ mol
-1
 [8, 
15]. The value of 29 kJ mol
-1 
was chosen within this range.  
For the decay transients, Table 3 showed that the minimum NT was 2.04 × 10
17 
sites cm
-3
 
from the decay transient from -1.700 VAg/AgCl to -1.500 VAg/AgCl. NT increased with each 
transient to less negative potentials. The maximum was about one order of magnitude higher, 
2.41 × 10
18
 sites cm
-3
, obtained from the decay transient from -1.200 VAg/AgCl to -1.100 
VAg/AgCl. This transient was to the least negative potential that was used. It is worth stressing 
that these values of trap density apply to the particular charging conditions of each transient. 
For the rise transients, the NT decreased progressively as the transients were 
progressively to a more negative potential. Table 3 showed that the maximum NT was 2.84 
×10
18
 sites cm
-3
, obtained from the rise transient from -1.100 VAg/AgCl to -1.200 VAg/AgCl, 
whilst the minimum was 8.69 ×10
16 
sites cm
-3
 and was obtained from the most positive rise 
transient from -1.500 VAg/AgCl to -1.700 VAg/AgCl.  
As stated above, NT increased with less negative potential for the decay transients and for 
the rise transients. This trend was attributed to the successive filling of the reversible traps 
with each successive rise transient and to the successive emptying of reversible traps with the 
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decay transients. More traps were expected to be filled at a more negative potential, leading 
to a weaker trapping effect, reflected by the smaller value of NT and a higher value of Deff. 
Therefore, it was expected that there would be less influence of trapping sites at a more 
negative potential. This was true for the values of NT, as is evident from Table 3. The value of 
NT decreased from the maximum value (2.84 × 10
18
 sites cm
-3
) obtained from the rise 
transient from -1.100 VAg/AgCl to -1.200 VAg/AgCl, to the minimum value of 8.69 ×10
16
 sites 
cm
-3
, more than one magnitude lower, which was obtained from the rise transient from -1.500 
VAg/AgCl to -1.700 VAg/AgCl. 
Fig. 7 presents the relationship between the NT and the overpotential, with a turning point 
at about -0.456 V, which can be expressed by the following fitted line: 
ln NT = 44.25 + 3.53 η,   |η| ≤ 0.456 V;                                                                                     (8) 
ln NT  = 46.64 + 9.36 η,   |η| ≥ 0.456 V.                                                                                    (9) 
When η was close to 0 V, NT was expected to be 1.65 × 10
19 
sites cm
-3
, almost one magnitude 
higher than the value evaluated from the decay transient from -1.200 VAg/AgCl to -1.100 
VAg/AgCl.  The appearance of the turning point was attributed to the change in the hydrogen 
evolution mechanism, as has been discussed in the previous papers [12, 38].  
It is expected that the reversible traps were filled step by step based on the test procedure. 
The total density of the filled traps during rise transients or emptied traps during decay 
transients between -1.100 VAg/AgCl and -1.700 VAg/AgCl can be considered as the sum of traps 
evaluated at each step. The sum of the density of traps from the decay transients was 4.62 
×10
18
 sites cm
-3
, in reasonable agreement with the sum of the density of traps from the rise 
transients at 4.28 × 10
18 
sites cm
-3
. The average was 4.45 × 10
18
 sites cm
-3
.  
It is assumed that only one hydrogen atom was trapped at each trap. When the applied 
potential decreased from -1.700 VAg/AgCl to -1.500 VAg/AgCl (the first decay transient in the 
loop), there were 2.04 × 10
17
 sites cm
-3
 traps in total needed to be emptied during hydrogen 
diffusion. Then the trapped hydrogen concentration CT was ~ 0.34 mol m
-3
 at -1.700 VAg/AgCl, 
Correspondingly, the lattice hydrogen concentration, C0 was ~9.16 mol m
-3
. In this case, the 
trapped hydrogen represented ~3.6 % of the total absorbed hydrogen (influential trapped 
hydrogen + lattice hydrogen = 0.34 + 9.16 = 9.50 mol m
-3
) in the sample. Similarly, the 
amount of hydrogen trapped at reversible trap sites consisted of about 18 %, 40 % and 76 % 
of the total absorbed hydrogen for the decay transients from -1.500 VAg/AgCl to -1.400 VAg/AgCl, 
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from -1.400 VAg/AgCl to -1.200 VAg/AgCl, and from -1.200 VAg/AgCl to -1.100 VAg/AgCl, 
correspondingly. The bigger portions of the trapped hydrogen was consistent with the 
previous statement that the trapping effect was more significant for partial transients at a less 
negative potential. 
These above results indicated that the extent of trapping depended on the charging 
condition. Trapping was less noticeable for a more negative partial transient, because most of 
the traps had already been filled. There was a relationship between the NT and the 
overpotential, which could be expressed by Eq. 8 and Eq. 9. The total amount of reversible 
traps influencing diffusion between -1.700 VAg/AgCl and -1.100 VAg/AgCl was about 4.45 × 10
18 
sites cm
-3
.   
4.2 From permeation curves  
 Fig. 8 shows the normalized permeation decay transients. There were increasing 
differences between each experimental decay transient and the theoretical decay transient 
with DL = 1.29 × 10
-6 
cm
2
 s
-1
, consistent with a stronger trapping effect at a less negative 
potential. 
Fig. 9 presents the difference, as the shaded area, between the experimental decay 
transient from -1.200 VAg/AgCl to -1.100 VAg/AgCl and the theoretical curve with D = 1.29 × 10
-
6
 cm
2
 s
-1
. According to [14, 15], the total amount of hydrogen released from the specimen at a 
specific condition is the sum of both the diffusible and the trapped hydrogen, and can be 
calculated by integrating the area under the permeation curve. Therefore, the difference in the 
area between the permeation curve and the theoretical curve, like the shaded area in Fig. 9, 
could be considered as the trapping amount. The density of traps calculated from this method 
was assigned as NT
*
. The values of NT
*
 represent the amount of reversible traps at each 
condition that were influential to the hydrogen diffusion behaviour, instead of the whole 
amount of traps in the sample.  
The density of reversible traps, NT
*
, during the decay transients calculated based on the 
shaded area (∆c) and Eq. 1, and CT
*
 by Eq. 2, are presented in Table 3. It is assumed that only 
one hydrogen atom is trapped at each trap. For decay transients, Table 3 showed that the 
minimum NT
*
 was ~1.29 ×10
17 
sites cm
-3
 from the transient from -1.700 VAg/AgCl to -1.500 
VAg/AgCl. NT
* 
increased slightly for the less negative transients. The maximum NT
*
was ~4.20 
×10
17
 sites cm
-3
, obtained from the transient from -1.400 VAg/AgCl to -1.200 VAg/AgCl. 
Compared with the results obtained from Dong’s model [19], the NT
*
 calculated form this 
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method was smaller, especially for the decay transient from -1.200 VAg/AgCl to -1.100 VAg/AgCl, 
about one order of magnitude lower. Nevertheless, generally, the NT
*
 were lower at a more 
negative potential. 
The total density of influential reversible traps, NT-S
*
, from -1.700 VAg/AgCl to -1.100 
VAg/AgCl was calculated by summing the NT
*
 values considering the transients were done step 
by step. Then the NT-S
*
 from -1.700 VAg/AgCl to -1.100 VAg/AgCl was (1.29
 
+ 2.62
 
+ 4.20
 
+ 2.33) 
× 10
17 
= 1.04 × 10
18 
sites cm
-3
, about a quarter of  the result from Dong’s model [19].  
When the applied potential decreased from -1.700 VAg/AgCl to -1.500 VAg/AgCl (the first 
decay transient in the loop), there were 1.29 × 10
17
 sites cm
-3
 traps needed to be emptied 
during the transient. Then the trapped hydrogen, CT
*
, influencing the diffusion was ~ 0.21 
mol m
-3
 at -1.700 VAg/AgCl, accounting for 2 % of the total hydrogen in the sample (influential 
trapped hydrogen + lattice hydrogen = 0.21 + 9.16 = 9.37 mol m
-3
). Similarly, the amount of 
influential hydrogen at reversible trap sites comprised about 7 %, 18 % and 23 % of the total 
hydrogen for the decay transients from -1.500 VAg/AgCl to -1.400 VAg/AgCl, from -1.400 
VAg/AgCl to -1.200 VAg/AgCl, and from -1.200 VAg/AgCl to -1.100 VAg/AgCl, respectively. The 
increase in the portion of the trapped hydrogen is consistent with the previous results from 
Dong’s model [19], indicating that the trapping effect was less significant at a more negative 
potential. On the other hand, it implies that the lattice diffusion coefficient could be obtained 
from more negative partial transients.  
In conclusion, (i) generally, the NT
*
 were lower at a more negative potential; (ii) the 
results calculated by this method agree with the previous statement that the trapping effect 
was more significant at a less negative potential; and (iii) the total amount of influential traps 
from -1.700 VAg/AgCl to -1.100 VAg/AgCl was about 1.04 × 10
18 
sites cm
-3
, about a quarter of  
the result from Dong’s model [19]. 
5. Discussion 
Using the second method, the calculation from the completed decay transients indicated 
that the amount of trapped hydrogen at reversible sites accounted for almost 98% for pure 
iron [14], about 90 % for F22 and 85 % for X65 [15] of the total amount of hydrogen 
absorbed in the samples, whereas the calculation from our partial transients presented lower 
percentage of the trapped hydrogen. Especially, for our most negative condition, the trapped 
hydrogen only comprised 2 % of the total absorbed hydrogen. This indicates that the partial 
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transient at more negative potentials could diminish the trapping effect, which enables us to 
measure the lattice diffusion coefficient. This agrees with the statement given by 
Zakroczymski [14]. 
As has been stated in the introduction, it is the reversible traps that could influence the 
hydrogen diffusion behaviour, and further influence the resistance of the to HE [9]. It is 
helpful if we can find a way to calculate the density of reversible traps. The second method is 
fairly straightforward for this calculation considering the shaded area (∆c) directly reflected 
the amount of reversible traps at each condition that were influential to the hydrogen 
diffusion behaviour. It is rational to calculate the density of reversible traps by this method. 
The calculation of the density of traps from the completed decay transients involves both 
reversible traps and irreversible traps, whereas partial transients can provide us only the 
information of reversible traps based on our test situation.  
The results from the second method were lower than that from Dong’s model [19]. The 
differences could be attributable to the following reasons:  
 (i) The parameter Eb in Eq. 3 was assigned to be a constant somewhat arbitrary value. 
However, (a) each type of trap has its corresponding binding energy; and (b) there is more 
than one kind of trap in the specimen. Therefore, using a single value of Eb to calculate NT 
must be considered as a first approximation.  
(ii) The value assigned to the NL was another conceivable reason because NT is 
proportional to NL according to Eq. 3. If the value for the pure iron are used, about 5.1 × 10
23 
sites cm
-3
 [39], then values of NT would be evaluated to be 2.5 times higher. Therefore, the 
value of NL should be assigned carefully when using Eq. 3. 
(iii) The calculation of NT using Eq. 3 relies on the value of Deff when all the other 
parameters are known and constant. However, the values of Deff could be changed with the 
charging condition (applied potentials), as demonstrated in Tables 2 and Table 3, leading to a 
changeable value of NT at the various conditions for each sample. It is hard to say which one 
should be the density of the traps sites in the specimen. Further definition and the applicable 
conditions needs to be provided.  
 (iv) The NT
*
 largely depends on the value of current density and the shaded area. A large 
shaded area may result in a smaller NT
* 
due to the small current density, like the result 
obtained at -1.100 VAg/AgCl (decay).  
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Besides, there are many other factors, like surface condition, charging condition (applied 
potential or the current density), influencing the calculation of the density of traps from 
partial transients.  
Despite of the above defects to the methods, the results from the two methods provided 
were in reasonable agreement: (i) the values of NT
*
 presented the same trend that it was lower 
at a more negative potential; (ii) the smaller percentage of the trapped hydrogen from both 
results indicate that the trapping effect was less significant at a more negative potential; (iii) 
the total densities of reversible traps influencing hydrogen diffusion between -1.700 VAg/AgCl 
and -1.100 VAg/AgCl obtained from the two methods were in the same magnitude of 10
18 
sites 
cm
-3
. Each method can be used as a good means of providing a first estimate of the 
magnitude of the NT. 
6. Conclusions 
1. The good-fit of the first partial rise transients from -1.500 VAg/AgCl to -1.700 VAg/AgCl with 
the theoretical curve gave DL = 1.29 × 10
-6 
cm
2 
s
-1
 for the 3.5NiCrMoV quenched and 
tempered martensitic steel. 
2. The results from both methods were in reasonable agreement: (i) the total density of traps 
influencing hydrogen diffusion between -1.700 VAg/AgCl and -1.100 VAg/AgCl was in the 
magnitude of 10
18 
sites cm
-3
 from both methods; (ii) the trapping effect was less 
significant at a more negative potential, indicating the lattice diffusion coefficient can be 
measured by the more negative partial transients.   
3. Even though both methods should be used carefully considering the issues stated in 
section 5, they are useful for estimating the magnitude of the density of reversible traps 
that influencing diffusion. 
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Fig. 1 Schematic of the electrolytic permeability cell.  
Figure
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Fig. 2 Hydrogen permeation current density at the exit side of a 3.5NiCrMoV steel specimen in 0.1 M 
NaOH solution during 24 h charging at -1.700 VAg/AgCl. 
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Fig. 3 The (a) the rise transients (from -1.500 VAg/AgCl to -1.700 VAg/AgCl) and (b) the decay transients 
(from -1.700 VAg/AgCl to -1.500 VAg/AgCl) for 3.5 NiCrMoV specimen in the 0.1 M NaOH solution after 
24 h precharging at -1.700 VAg/AgCl. 
 
  
(a) (b) 
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Fig. 4 The  normalized (a) rise transients and (b) normalized decay transients based on Fig. 3. 
(a) (b) 
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Fig. 5 (a)The fitting for the rise transient from -1.500 VAg/AgCl to -1.700 VAg/AgCl by Matlab  and (b) the 
decay transient from -1.700 VAg/AgCl to -1.500 VAg/AgCl for 3.5 NiCrMoV specimen in the 0.1 M NaOH 
solution after 24 h precharging at -1.700 VAg/AgCl. 
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Fig. 6 Hydrogen permeation transients at different cathodic potentials at the input side of the 
low interstitial steel specimen in 0.1 M NaOH solution after 24 h charging at -1.700 VAg/AgCl 
: P1: -1.700 VAg/AgCl; P2: -1.500 VAg/AgCl; P3: -1.400 VAg/AgCl; P4: -1.200 VAg/AgCl; P5: -1.100 
VAg/AgCl. 
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Fig. 7 The relationship between NT and overpoential, η, for a 3.5NiCrMoV specimen in 0.1 M 
NaOH solution with NL = 1.45×10
23 sites cm-3[35]. 
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Fig. 8 The normalized decay transients obtained at various applied potentials in 0.1 M NaOH solution. 
The theoretical curve was calculated with DL value of 1.29×10
-6 cm2 s-1. 
° 
° 
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Fig. 9 The typical difference between the integration of the permeation curve and the theoretical 
one for a decay transient from a 3.5NiCrMoV specimen in 0.1 M NaOH solution. 
Trapped hydrogen 
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Table 1 Chemical composition of 3.5NiCrMoV (wt%) by two measurements 
 
Steel 
   Composition, wt %  
C Mn Cr Ni Mo V Cu Si S P Al Nb Ti B 
3.5NiCrMoV 
0.22 0.23 1.67 2.77 0.43 0.09 0.09 0.08 0.01 0.01 <0.005 <0.01 <0.01 <0.0005 
0.21 0.22 1.65 2.75 0.41 0.09 0.09 0.07 0.01 0.01 <0.005 <0.01 <0.01 <0.0005 
  
Table
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Table 2 Deff and CH values for 3.5NiCrMoV steel obtained from rise and decay transients.
 
L = 0.091 cm. 
Transient to applied potential, mVAg/AgCl η, V i∞/ µA cm
-2 
Deff cm
2 
s
-1
 CL, mol m
-3
 
Rise transient to -1700-1 -0.756 15.76 1.29 ×10
-6
 11.5 
Rise transient to -1700-2 -0.756 13.99 1.26 ×10
-6
 10.2 
Decay transient to -1500-1 -0.556 8.49 1.27 ×10
-6
 6.21 
Decay transient to -1500-2 -0.556 7.61 1.11×10
-6
 5.56 
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Table 3 The density of hydrogen trapping sites, NT
,
 and NT
* 
for 3.5 NiCrMoV steel based on the transients loop from -1.700 VAg/AgCl to -1.100 
VAg/AgCl and back to -1.700 VAg/AgCl. L= 0.091 cm, DL = 1.29 × 10
-6
 cm
2 
s
-1
. NT was evaluated using the Dong et al. [18] model. 
 
NT
*
 was 
evaluated from the difference between the decay permeation curve and the theoretical curve. The first line with a potential of -1.500 VAg/AgCl 
indicates a decay transient from -1.700 VAg/AgCl to -1.500 VAg/AgCl. The followed lines represent transient from the previous potential. For 
example, the second line indicates a decay transient from -1.500 VAg/AgCl to -1.400 VAg/AgCl.  
Applied potential, 
VAg/AgCl 
η, V i∞/ µA cm
-2
 Deff, cm
2  
s
-1
  NT, sites cm
-3 
CT, mol  m
-3
 NT
*
, sites cm
-3
 CT
*
, mol  m
-3
 CL, mol  m
-3
 
start at -1.700  -0.756 12.53      9.16 
-1.500 (decay) -0.556 7.26 1.09 × 10
-6
 2.04 × 10
17
 0.34 1.29 × 10
17
 0.21 5.31 
-1.400 (decay) -0.456 4.38 7.85 × 10
-7
 7.11 × 10
17
 1.18 2.62 × 10
17
 0.43 3.20 
-1.200 (decay) -0.256 1.78 5.94 × 10
-7
 1.30 × 10
18
 2.15 4.20 × 10
17
 0.70 1.30 
-1.100 (decay) -0.156 1.01 4.06 × 10
-7
 2.41 × 10
18
 4.00 2.33 × 10
17
 0.39 0.74 
   sum 4.62 ×10
18
  1.04 × 10
18
   
-1.200 (rise) -0.256 2.22 3.62 × 10
-7
 2.84 × 10
18
     
-1.400 (rise) -0.456 5.39 6.49 × 10
-7
 1.09 × 10
18
     
-1.500 (rise) -0.556 7.31 1.05 × 10
-6
 2.59 × 10
17
     
-1.700 (rise) -0.756 11.85 1.20 × 10
-6
 8.69 × 10
16
     
   sum 4.28 ×10
18
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Chapter 8 
 
Summary and Suggested future work 
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Summary 
This project has been designed and implemented by me, with the advice of Prof. Andrej Atrens 
from The University of Queensland and Prof. Evan Gray from Griffith University. The project 
focused on the four steels: NiCrMo1, 3.5NiCrMoV, 27NiCrMoV15-6 and 34NiCrMo6. These were 
supplied by Alstom (Switzerland) Ltd. These are typical, commercial, quench and tempered steels, 
with strengths in the range of 600 to 1000 MPa. In addition, critical permeation tests were carried 
out using a commercial low-interstitial steel, which was essentially pure Fe.  
The main tasks were as follows: 
1. Obtain relevant information, formulate the experimental procedures and adapt as required by 
the experimental data. 
2. Prepare required specimens for experiments, like palladium coating on the specimen for 
permeation tests, design cells for each kind of tests, and organize the testing facilities. 
3. Carry out the linearly increasing stress tests (LIST), low cycle fatigue (LCF) tests, fatigue 
crack growth (FCG) tests, and permeability tests. The fatigue tests were carried out during a 
five months stay in the Alstom Laboratories in Baden, Switzerland. 
4. Analyse the results from each series of experiments, in order to understand the influence of 
hydrogen on the tensile and fatigue properties on the targeted steels as well as the 
permeability of hydrogen through these steels. 
5. Write progress reports to funding organization, technical journal publications and PhD thesis.  
At the start of the PhD study in April 2011, the sample materials have not arrived from 
Switzerland for the experimental program. This gave me a chance to do a good literature review 
since most of the time could be focused on the paper reading, and subsequently an opportunity to 
think throughout the project and make plans for experiments to ensure it went through smoothly. 
Therefore, before starting to do tests in November 2011, lots of references about the influence of 
hydrogen on steels and hydrogen permeation in steels were reviewed from books, online resources 
and so on. The test methods, parameters, the fracture morphology with hydrogen effect and 
hydrogen embrittlement mechanisms were summarized during the paper reading. Finally, quite a 
nice literature review was produced for the first year confirmation. As suggested by the review 
committee of my candidature, the review was revised into a manuscript and published in 2013.  
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During this period, apart from the literature reading, the operation of LIST machine and the 
direct potential drop technique were learnt from Dr. Zhiming Shi. The SEM training on the JSM 
6460LA LVSEM, used for all the fracture examination in this thesis, was participated. As well, the 
free English classes provided by UQ were attended to improve my English and a tutor training was 
joined for the purpose of being a tutor and demonstrator in a corrosion course.  
Before first year confirmation in March 2012, the LIST on the steel-3.5NiCrMoV as well as the 
results analysis had been done. The results were drafted into manuscript and published in Oct 2012.   
After passing the confirmation successfully, 5 months (2012.05-09) were spent in the 
laboratory of Alstom in Baden, Switzerland as part of this project. The main focus was the 
performance of LCF and FCG rate of 3.5NiCrMoV steel under a hydrogen charging condition. With 
the help of Mr Alexander Henschel, the operation of the fatigue machines for LCF test and FCG test 
was mastered. It was a bit hard at the first stage since the software for controlling the machines is in 
German. Due to time limit, the FCG tests were not carried out sufficiently. The fatigue data analysis 
was done when in Baden, while the fracture surface examination was done in UQ after coming back 
to Australia. The results were drafted into three papers, two of which were incorporated in this 
thesis.  
Along with doing test, UQ glassblower, Mr Robin was asked to make the permeability cell. It 
was a masterpiece at the first sight of the cell. However, there was serious issue, which affected the 
permeation curves obviously. There were bubbles aggregated at the short horizontal part of the 
permeation cell until it was big enough to run away. Since the size of the bubble was changing 
during test, the sample area exposed to the solution was changing, leading to the fluctuation curve 
on the output side. Such problem was unexpected since at that time I had no experience on 
permeation test and no one mentioned that in papers. The design was changed after the discussion 
between Robin and me. Unfortunately, since the material was glass, it was hard to achieve the ideal 
condition. After several trials and errors, it was decided to make a Plexiglass cell even though its 
thermal conductivity was not as good as glass. With the approval of my supervisor, the permeability 
cell was redesigned by me and a qualified worker in China was contacted to make it. Finally, the 
cell was delivered in August 2013, which worked well and provided reliable permeation data on the 
low interstitial steel and the targeted steels. The results on the low interstitial steel were published in 
2014, concentrating on the hydrogen fugacity during the electrochemical charging.   
Permeability experiments on the four targeted steels were done to understand H solubility and 
diffusion. TDS data are expected to estimate the hydrogen concentration understand introduced into 
the steels under specific charging condition as well as the trapping information in the targeted steels. 
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The TDS apparatus is being built at Griffith University by the PhD candidate Clotario Tapia. It is 
such a pity that it is still not ready for work. Once it is ready, two more papers would be written on 
the trapping information and hydrogen fugacity at electrochemical charging conditions by 
combining the permeation results and TDS data.  
All in all, in the past three and half years, the influence of hydrogen on the metallic components 
for clean energy, basically the medium strength steels, has been studied by LIST, fatigue test and 
permeability test. The conclusions are as follows: 
1. LIST results showed that all the specimens tested had a good resistance to hydrogen, and failed 
due to ductile overload. The chemical influence on the properties of these steel to hydrogen was 
beyond the scope of this research and was not considered in Chapter 3. Each of the tested four 
steels had a similar microstructure, which was quenched and tempered martensitic. Because the 
difference in microstructure for these four steels was small, the strength level was considered as 
the main factor influencing the sensitivity of these steels to HE, which became more serious 
with increasing strength. Based on this and the performance in various hydrogen conditions, 
NiCrMo1 was considered as the steel that had the best performance among the four steels.  
2. There was no hydrogen influence for stresses up to the yield stress of these steels. The influence 
of hydrogen was associated with localised plastic deformation and fracture after the onset of 
necking. Direct evidence of hydrogen influence were surface cracks at the necked region,  the 
decrease in the reduction of area, the longer secondary cracks, the daisy-like features and the 
brittle zone at the edge on the fracture surface. One issue that was not addressed in Chapter 1 
and Chapter 3 was the initiation site for cracking. Subsequent examination indicated that the 
initiation site of the surface cracks was microstructural and not non-metallic inclusions for all 
four steels. For the specimens tested with hydrogen charging, as illustrated in Fig. 8.1, there 
were no cracks on the un-necked part of the specimen. There were some short cracks (around 
100 µm in length) near the un-necked region, indicating that those cracks were induced by 
hydrogen at surface defects, like scratches, and that the initiation did not happen at inclusions. 
Fig. 6 (a) in Chapter 1 shows that there were cracks in the necked part of the specimen, and 
many of these cracks had horizontal lines extending from the crack tip. These straight lines were 
not cracks but were scratches produced by specimen polishing. The purpose of Fig.6 (a) was to 
document that there were no cracks in the interior of the specimen, and that surface cracks only 
appeared at the necked part, initiated from surface defects other than inclusions. 
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 Fig. 8.1 The 3.5NiCrMoV specimen(S.1200.002) tested at -1200 mVAg/AgCl, at an applied stress rate 
0.002 MPa/s. (a) x45; (b) x200. 
3. The occurrence of daisy-like surface was associated with alumina oxides inclusions. Purification 
of the steel during production might be helpful for improving their performance in a hydrogen 
environment. 
4. The presence of hydrogen reduced the LCF life of notched specimens (3.5NiCrMoV) 
significantly, by about 67% and 80% corresponding to the applied potential -1400 mVHgE and  -
1950 mVHgE. The influence of hydrogen on the fatigue life was mainly on (i) shortening the 
crack initiation period and (ii) accelerating the crack growth rate. The final fracture was mostly 
due to ductile overload; hydrogen contribution to the final fracture process was not significant. 
The influence of hydrogen was evidenced by the appearance of vague striations, intergranular 
fracture surface and flat trangranular fracture surface. The influence of hydrogen was greater at 
a more negative potential. 
5. FCG tests indicated that FCG rate was increased at a higher value of the stress ratio (R > 0) for 
3.5NiCrMoV. In the presence of hydrogen, the crack grow path became linear due to the 
hydrogen induced localized deformation. At low ∆K range, intergranular fracture appeared 
when the fatigue crack growth rate was less than 1.4×10-8 m/cycle in the presence of hydrogen. 
Hydrogen was the main factor influencing the crack propagation. At a high ∆K range, there was 
a flat trangranualar surface and fatigue striations, indicating that both hydrogen and mechanical 
damage influenced the fatigue crack growth. 
6. Permeability results indicate that pre-charging is needed to condition the entry side of the low 
interstitial steel to a stable state, leading to reproducible permeability transients.  The hydrogen 
fugacity during electrochemical charging conditions was determined for low interstitial iron in 
the 0.1 M NaOH solution and in the acidified pH 2 0.1M Na2SO4 solution. The method of 
hydrogen fugacity calculation is applicable to others’ results.  
7. The lower slope of the hydrogen fugacity versus overpotential relationship at higher 
overpotentials in the 0.1 M NaOH solution is explicable by different charge transfer coefficients 
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for (i) the electrochemical discharge of hydrogen from a water molecule at the steel surface, and 
(ii) electrochemical desorption of a hydrogen atom adsorbed on the steel surface. 
8. For the steel with traps, the lattice diffusion coefficient can be measured by the more negative 
partial transients considering that the trapping effect was less significant at a more negative 
potential.  The good-fit of the first partial rise transients from -1.500 VAg/AgCl to -1.700 VAg/AgCl 
with the theoretical curve gave DL = 1.29 × 10-6 cm2 s-1 for the 3.5NiCrMoV steel. Two methods 
(Dong’s model and the shaded area method) were useful for estimating the magnitude of the 
density of reversible traps that influencing hydrogen diffusion.  
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Suggested future work 
Although this PhD project provides a basic understanding of the interaction between hydrogen and 
the targeted steels, further study is needed since some issues remain unsolved, as listed below:  
1. Following on the LIST result, it is important to clear the relationship between hydrogen effect 
and inclusions, in terms of the origin of inclusions, the density or size of inclusions (especially 
alumina oxides). The understanding of this relationship would be helpful for optimizing the 
production procedures and the microstructure of the materials to improve the performance in 
hydrogen environment.  
2. Following the hydrogen permeability test, it is important to have an understanding of the 
interaction of hydrogen and the traps in these steels. The permeability results showed different 
level of trapping effect at different conditions. It is necessary to know the location of hydrogen 
and the localized hydrogen concentration. Further study on thermal desorption spectrum (TDS) 
is needed to provide traps information in the steels. Meanwhile, the evaluation of hydrogen 
influence on the properties of steels would be more valuable if the total amount of hydrogen in 
the specimen at each condition was known. These wanted parameters could be provided by 
TDS. The expected results will be helpful for both improving steels performance and 
estimating the safe life of these steels.  
3. Following the hydrogen permeability test, similar to the hydrogen fugacity calculation for low 
interstitial iron, it is important to establish the relationship of overpotential (electrochemical 
hydrogen charging) and the hydrogen fugacity for the targeted steels. In this case, the hydrogen 
solubility in each steel is needed, which can be provided by TDS results. Consequently, two 
more papers would be produced by combining the permeation results and TDS data in the near 
future. One would be concentrated on the calculation of hydrogen fugacity, while the other one 
on the trapping information in the targeted steels.   
4. Following the above topic, it would be interested in establishing the equivalent relationship of 
gaseous hydrogen charging and electrochemical hydrogen charging. For this relationship, 
further TDS tests in gaseous hydrogen charging are needed.  
5. Due to time limit in Switzerland, not too much fatigue tests have been done. It is worth 
spending more time on the hydrogen influence on the fatigue properties on these steels.  
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